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PREFACE

Fracture by the progressive growth of incipient flaws under cyclically varying loads,
ie., by fatigue, must now be considered as the principal cause of in-service failures of
engineering structures and components, whether associated with mechanical sliding and
friction (fretting fatigue), rolling contact, aggressive environments corrosion fatigue, or
clevated temperatures (creep-fatigue). Of particular importance are the early stages of
fatigue damage, involving the initial extension of microcracks and their subsequent growth
at very low velocitics, as these processes tend to dominate overall lifetime. This has been
reflected by trends in fatigue research over the past five years, which have focused largely on
so-called “small cracks,™ of dimensions comparable with the scale of microstructure or local
plasticity, and on crack growth in the near-threshold regime, i, at stress intensities
approaching the fatigue threshold below which cracks are presumed dormant. In addition,
associated mechanistic studies have highlighted the critical role of crack tip shielding in
farigue, which anises predominantly from crack closure and deflection, and this has proved
to be important in modeing aspects of environmentally-assisted cracking and behavior
under vanable amplitude loads, and in rationalizing the classical stress strain-life and defect-
tolerant design approaches.

The series of internationl conferences on Fatigue and Fatigue Thresholds, although
devoted to all aspects of fatigue, has emphasized these topics of small cracks and
near-threshold behavior, and consequently, has become an international forum for the
exchange of information in this field. The series, which has been run under the auspices of a
steenng and international committee with representatives from Australia, Austria, Canada,
China, Czechoslovakia, France, Holland, Japan, Norway, Sweden, UK, W . Germany and the
US.A., began in Stockholm, Sweden, in 1981, and continued at the University of
Birmungham in England in 1984.

The current proceedings of the third conference, “Fatigue *87," which was held art the
University of Virgimia, Charlottesville, covered a wide range of diverse views of the
fundamental and applicd aspects of fatigue. This includes questions of ¢yvelic deformation,
crack initiation and propagation, small cracks, crack closure, variable amplitude cftects, and
environmentally-influenced behavior. The proceedings should provide a comprehensive
state-of-the-art review of the field, suitable for students, rescarchers and practising

engineers alike. K\

The Editors would like to thank the Editonal Commutter, particulardy Professors R.P
Gangloff and J.A. W ert, the International Committee and the University of Virginia for their
help over the past couple of years. We express our sincere thanks to Dr. A H. Rosenstemn of
the Air Forces Office of Scientific Research, Dr. G. Mayer of the Army Research Oftice, Dr.
B.A. MacDonald of the Office of Naval Research, and Dr. G. Hartley of the Natonal Science
Foundation for their financial support, and to Ms. Tana B. Herndon for her sterhing efforts
as the conference secretary.

R.O. Ritchie \
E.A. Starke, Jr. Co
June 1987. v
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RECOMMENDED S YMBOLS

Crack-Length - One-Half the Total Length
of an Internal Crack or Depth of a Surface
Crack

Crack Growth Increment

Alternating Current

Test Piece Thickness

Compliance

Constants

Rate of Fatigue Crack Propagation

Additional Growth Rate due to Environment

Growth Rate Retarded by Crack Tip Blunting

Growth Rate Enhanced by Localised Hydrogen
Embrittlement

Overall Growth Rate for 'True Corrosion
Fatigue'

Stress Corrosion Fatigue Crack Growth Rate

Stress Corrosion Plateau Growth Rate Per
Second

Crack Extension Rate
Direct Current

Value of Crack Opening Displacement (see
British Standard BS5762)

Critical Crack Opening Displacement, being
One of the Following:
(1) Crack Opening Displacement at Fracture

(2) Crack Opening Displacement at First
Instability or Discontinuity

(3) Crack Opening Displacement at which
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an Amount of Crack Growth Commences

Crack Opening Displacement at First
Attainment of Maximum Force

Diffusion Coefficient for Hydrogen in Iron
Young's Modulus of Elasticity

Exponential Base of Natural Logarithms
Creep Strain

Secondary Creep Rate

Transient Creep Strain

Cyclic Frequency

Strain Energy Release Rate

Crack Extension Forces for Various Modes
of Crack Opening

Current

Anodic Current Density

Stress Intensity Factor - a Measure of the
Stress-Field Intensity Near the Tip of a
Perfect Crack in a Linear-~Elastic Solid
Fracture Toughness - The Largest Value of
the Stress-Intensity Factor that exists
Prior to the Onset of Rapid Fracture

K in Fatigue Cycle Below which Crack is
Closed

Opening Mode Stress Intensity Factor
Plane-Strain Fracture Toughness as Defined
by ASTM Standard Designation E 399-74 or
British Standard BS 5447

Elastic Stress-Intensity Factor at the
Start of a Sustained-Load Flaw-Growth Test

Plane~Strain K, Threshold Above which
Sustained Load Flaw-Growth Occurs

ii




=

IH,S

max

min

FATIGUE 87

Value of K in Dry H,S Gas

Iscc 2
Provigional Fracture Toughness Value
Corresponding to a 5% Deviation of the
Load/Displacement Relationship from
Linearity

Maximum Stress~-Intensity Factor
Minimum Stress-Intensity Factor

Stress Intensity Range

Threshold Stress Intensity Factor Below
which Fatigue Crack Growth will not occur

AKi to just cause Fatigue Initiation
Next Value of AK

Value of Akth at R =0

Constant Value of Axth

Notional Extra Stress Intensity due to
Environment

Stress Concentration Factor, Neuber
Correction Factor

Natural Logarithm
Common Logarithm

Power Exponent in Paris-Erdogen Expression

da _ m
d—ﬁ—AAK
Cycles

Cycles to Initijate

Cycles to Failure

Cycles Increment

Strain Hardening Exponent

Load Range

Poisson's Ratio

iii
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Flaw Shape Parameter

Stress

Stress Range

Maximum Stress

Proof Stress

Minimum Stress

Ultimate Tensile Strength

Yield Stress under Uniaxial Tension
Stress Range on Net Section
Minimum Load/Maximum Load

R below which Crack Closure Occurs
Plastic Zone Size

Crack Tip Radius

Notional Minimum Value of o
Temperature

Time

Hold Time in Load Cycle

Rise Time in Load Cycle

Values of t_ at Minimum and Maximum
Environmentél Enhancement

Potential Difference

Reference Potential Difference
Potential Difference at Crack Length, a
Test Piece Width

Electric Potential

Cartesian Co-ordinates

iv




BFS
BRF
CCP
COoD
CcT
CTB
DCPD
EEF
LHE
PD
SENB
SENT
SCC
SCF
TCF
T-Type WOL

UTs
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Compliance Function
Ohms

RECOMMENDED ABBREVIATIONS

Back Face Strain

Blunting Retardation Factor
Centre Cracked Plate

Crack Opening Displacement
Compact Tension

Crack Tip Blunting

Direct Current Potential Drop
Environmental Enhancement Factor
Localised Hydrogen Embrittlement
Potential Drop

Single Edge Notched Bend

Single Edge Notched Tension
Stress Corrosion Cracking
Stress Corrosion Fatigue

True Corrosion Fatigue

T-Type Wedge Open Loading

Ultimate Tensile Strength
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CYCLIC DEFORMATION AND CRACK INITIATION

P. Neumann and A. Tbnneusen'

Patigue loading hardens most metals in a peculiar way
forming metastable dislocation configurations and
favouring strain localization. Therefore., fatigue
crack nucleation wusually occurs at highly localized
slip bands. Modern sectjoning techniques revealed
preferred crack (initiation sites within these slip
bands which are not yet understood. In common
microstructures fatigue crack nucleation can also
occur at weak inclusions or special grain boundaries.
In spite of their low energy. twin boundaries were
found to be a pre dominant crack nucleation site {n
high cycle fatigue Usually the environment is found
to be very important for the formation of fatigue
cracks .

INTRODUCTION

After fatigue crack propagation has been studied extensively in
the past, crack inftiation remains a phenomenon which is not well
understood yet  The issue {s darkened to some extent by the
ambiguity to separate true crack initiation from the growth of
microcracks [t has been proposed by various authors to limit
crack  fnitiation to that domain in which stress concentratijons at
the crack tip are not dominant f compared to the applied stress

In some  cases the limit between crack initiation and propagation
Is suggested by different mechanisas If. for example, the
material contgins inclusions of low strength. the first
application of any appreciable load will break these inclusions in
a brittle manner This is clearly distinct from the tonsecutjve
slow ductile growth of the wmicrocrack Finally some authors
prapmatically define the regime of crack initiation as that within
which cracks cannot be detected with some given *echnique

In the following various physical processes. which  are
capable of forming crack nuclei. will be considered 1n some detagl

* Max Planck Institut fur Eisentorschung GmbH,
Postfach 140260, D 4000 Dusseldorf. F R G
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without emphasi{zing such forma! borderlines. Although various
subjects will be touched upon in a rather brief way this paper is

not intended to be review of the current literature at  all The
topics  are selected in order to reach a certair understanding of
the relevant processes and stimulate more research i{n this

difficult area.

CYCLIC DEFORMATION

The dislocation structure after cyclic deformation is well studied
and is characterized by veins of high edge dislocation density and
channels which have a very low dislocation density and separate
the veins . The width of the veins as wel]l as that of the channels
is roughly equal to the Orowan distance. This s reasonable since
the dislocations must form by multiplication due to bow out.

The plastic strain amplitude which can be carried Ly such
structures is typically of the order of 10 4 Such strains can be
accomplished by moving all dislocations over distances of the
order of their mutual distances {in the veins as well as in the
channels). In contrast to the structures after wunidirectional
deformation no pile ups are found after cyclic deformation. This
is due to the changing direction of the applied stress which
effectively mixes dislocations of both signs. As a consequence,
the long range stresses which are found after cyclic deformation
are much smaller than those after unidirectional deformatijon.

In pure metals there are no obstacles available and therefore
the only interaction which hinders gross dislocation motion and
thus determines the flow stress is the mutua! interaction between
dislocations of opposite sign which have trapped each other. Such
a hardening by mutual trapping of dislocations is highly
metastable: If the flow stress is exceeded, a significant number
of dipoles is destroyed. The freed dislocations pile-up against
remaining more stable dipoles and help to break them up also. This
causes local avalanches of free dislocations and local work
softening. As a consequence, very coarse slip lines are observed

during tens|{le deformation after cyclic deformation (1,2). The
corresponding stress strain curve shows a small yield drop and a
long range of zero work hardening (1.3.4). The most striking
evidence of such a metastable behavior are the strain bursts which
can be observed when the stress amplitude is slowly increased in a

truly stress controlled testing system (4)

During a slow increase of the stress amplitude the same
things happen over and over again at an ever decreasing
dislocation distance according to Kuhlmann Wilsdorf's principle of
similitude. However, at a certain stress level, the saturation
stress, something new happens At this point the dipole width
which is npecessary for wmutual trapping {s approaching atomic
dimensions Most likely the most narrow dipoles pop up Into rows
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of point defects. Because of the different formation energles rows
of vacanclies are wmuch more easily produced than rows of
interstitials. Therefore, although vacancy dipoles and
interstitial dipoles are equally abundant below the saturation
stress level (because they form by random encounters) at the
saturation stress level the number of vacancy dipoles will be
decreased by forming the corresponding number of vacancies. This
is in good agreement with the high resistivity of fatigued pure
metals found by various authors (5,6).

The abundance of interstitial dipoles has an important
consequence: If interstitial dipoles and vacancy dipoles are
equally abundant in a random shuffling during cyclic deformation
no significant slip steps are produced on the surface. If,
however, interstitial dipoles are more abundant than vacancy
dipoles in some region, then, on the average, more interstitial
dipoles will be pushed out of the material than vacancy dipoles.
Therefore bumps should develop on the surface where an excess of
interstitial dipoles is present underneath. This is a qualitative
explanation of the formation of extrusions (7). Quantitatively the
situation is quite complex since the excess vacancies 1inside the
material will be either precipitating in the form of dislocation
loops or will be swept-up by moving dislocations. 1In the 1latter
case dislocation climb will occur and reduce the unbalance between
vacancy and interstitial dipoles. Everything depends in a critical
way on the fate of the excess vacancies. In any case the contents
of vacuncies cannot be increased without 1limit inside the
material. Therefore the growth of extruslons should be fast in the
beginning and level off afterwards., as observed experimentally
(8,9)

At the saturation stress the dislocation structure underneath
the extrusions changes in a very specific way. The vein structure
transforms into a very regular ladder structure in which the
highly dislocated areas are narcvow edge dislocation walls
separated by about 10 times wider dislocation free areas (10 13).
The tendency to form wall 1like structures from the veins is
understandable from computer simulations (14). If dislocations are
packed with a minimum mutual distance, dmin' {given by the
decomposition of dipoles into vacancy rows) in a veln structure or
irn a ladder configuration., the former was found to decompose at a
lower applied stress level

PHENOMENOLOGICAL, CYCLIC STRESS STRAIN RELATIONS

The plastic strain amplitude 1is a cruclal variable for crack
initiation during cyclic deformation. 1In many applications,
however, the stresses can be calculated only from finite element
analysis or direct measurements. In this case it is important to
be able to calculate from a phenomenological stress strain
relationship the plastic strains which develop under these
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conditions. Extensive experimental studies showed that cyclic
deformation behavior is rather complex in detail but with some
reasonable accuracy considerable simplifications can be
accomplished. Nowadays the most widely used model] for describing
the cyclic stress strain response is the Masing model (15) stating
that all hysteresis loops which are observed during a random
loading of a specimen are composed of pieces of one universal
function Ao=f(A¢) in the following way:

If o(e) is the observed stress strain relation and if the
last change of the loading direction occurred at (50, oo). then we
have

a(e‘eo)-co = f(e-g,) or wf(m(ekeo)) ....................... [1]

for tensile and compressive loading respectively. Obviously, |if
the mean strain is zero and the strain amplitude is increased
continuously, the locus of the upper hysteresis tips is given by

al(el) = 1/2 f(el/z) ...................................... [2]
This is usually called the cyclic stress strain curve.

The second ingredient which has to be added to the existence
of a cyclic stress strain curve 1is the cyclic memory. It is
displayed in fig.1. If the loading path AB is interrupted by a
change in the loading direction and if the new loading curve CD is
continued beyond the former maximum strain value then the Joading
curve does not follow the dashed line which is a continuation of
CD according to the Masing model. Instead, 1{in most materials
loading continues approximately along the old loading curve AB to
E. In a sense the material remembers when returning from C to D
that it has deformed on the branch AD. It is immediately clear
that for the material behavior after D the loop BCD is irrelevant
for the plastic deformation. This is the reason why cyclic memory
allows to neglect even nested closed loops for prediction of
plasticity behavior. This is a considerable simplification and
leads immediately to the algorithm of rain flow counting of loops.
Combining the cyclic stress strain curve with the cyclic memory
thus allows to calculate the plastic strain from a given stress
history efficiently and with a reasonable accuracy in most alloys.

The cyclic stress strain curve can usually be described with
reasonable accuracy by a power law

AO(AE) = € « Ae™ [3]

The value of the parameters C and m do, however, depend
considerably on the details of the load history because of cyclic
hardening or softening. Such effects can be largely eliminated by
only using so-called saturated hysteresis loops for the

[
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determination of the cyclic stress strain curve. I.e. most often
the cyclic stress strain curve is determined from an incremental
step test. In such a test the strain amplitude is raised stepwise
(or continously) from zero to a maximum value, €max- Then the
strain amplitude is decreased to zero again and the same pattern
is repeated several times. After a number of such repetitions the
observed locus of the hysteresis loop tips becomes stationary and
is used as the cyclic stress strain curve. This procedure is quite
useful to predict the plastic stress strain behavior as long as
the strain amplitude stays below Egax:

CRACK INITIATION IN SLIP BANDS

For studying crack initiation it is very important to section the
specimens perpendicular to the original surface in order to detect
crack nuclei reliably (8,16). Figs. 3 shows examples of crack
nuclei which are impossible to detect without a sectioning cut.
The sectioning technique has been developed to considerable edge
resolution. Under optimum circumstances it is of the order of
20 nm.

In materials which are pure enough to avoid major inclusions,
crack initiation during cyclic deformation wusually occurs in
Jocalized slip bands within the single grains. This mechanism
works the same way In polycrystals as well as in single crystals.
Fig.4 shows an example of a persistent slip band with crack
nucleus in a copper polycrystal, which resembles in many details
those found in single crystals (fig.13 in (8)). The most striking
feature of this localized slip is the fast development of
extrusions. The extrusions extend above the original surfaces and
in many cases the valleys between the extrusion are the only
depressions relative to their surrounding, but they do not extend
below the original surface. These valleys, which are usually
called intrusions, can be easily identified by their finite vertex
angle at the bottom which is typically of the order of 20 to 30°.

After this extrusion-intrusion topography has developed, a
completely differenl process starts out, namely the formation of
very narrow crack nuclei at the bottom of the intrusions with
their finite vertex angle. These crack nuclei are always closed
or, in other words, have a zero crack tip angle, which makes thenm
distinct from the intrusions. Therefore the process of crack
formation in fatigue i{s not a continous development from a flat
surface via an increasing surface roughness towards small cracks.

Surprisingly enough in a single crystal these crack nuclet
are very unevenly distributed over a persistent slip band. Early
in the life they are found preferentially at one interface between
persistent slip band and matrix. Fig.2 shows the number of crack
nuclei found in various positions within the persistent slip band.
The rightmost position is obviously strongly favoured as long as
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the crack nuclei are of the order of 5 to 10 microns deep. At a
later stage in life, however, the preferred position for cracking
is on the other interface between persistent slip band and matrix.
Both sides of the PSB are definjtely different physically. E.g.
elastic stress concentrations should be smaller at the interface
on the right in fig.4 because of the asymmetric surface profile of
the PSB. But the reasons for these details of crack nucleation
process are not understood yet.

It has been demonstrated several times that the developm:.nt
of the topography of extrusions and intrusions is independent of
the environment and that it occurs un-modified even in ultra-high
vacuum. But the true crack nucleation at the root of the
intrusions is delayed considerably in vacuum. Also the growth of
the crack nuclei 1is reduced, most likely by rewelding of
previously formed crack surfaces (17,18). Therefore the most
likely model for crack nucleation due to single slip is that of
Thompson and Wadsworth (19) which is shown in fig. 5. Single slip
alone produces slip steps only. They can be annihilated again by
reverse slip and can therefore grow only in a random walk fashion
(20). This corresponds to the vacuum situation with its very slow
crack growth. Surface reactions with an active environment make
the formation of slip steps more irreversible such that crack
nuclei can develop parallel to the slip planes of the active slip
systems. Again, the details, such as the preferred crack
nucleation in persistent slip bands can be understood only in a
more detailed theory. Vacancy clustering or annihilation at
dislocations is definitely an important process. Also the
vacancies may move to the crack tip and thus extend the crack. All
these processes were not considered in detail yet. Vacancy
transport 1is of course always a problem at room temperature where
diffusion is extremely slow. However, the transport of point
defects due to on-going plasticity seems to play a crucial role,
but such processes are not well understood either.

CRACK INITIATION AT GRAIN BOUNDARIES

During fatigue the tendency to form cracks in localized slip bands
within the grains 1is rather strong. In polycrystals crack
initiation on grain boundaries is a rather uncommon feature. When
a strong slip band impinges on a grain boundary, a so-called
"L-shaped crack” forms at the intersection of grain boundary and
slip band (21,22). Some authors (23) report that the tendency to
form crack nuclei may increase if crack nucleation in slip bands
is reduced by performing the test in vacuum. In such tests the
slip band density increases due to the prolonged life. Still, the
number of cracks found in grain boundaries is not very high. In a
few papers concerning different fracture modes (LCF, high
temperature fatigue, brittle fracture) the correlation between the
nature of the grain boundaries and the probability to form
intergranular cracks was studied (24-27). In most cases cracks

- o
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were found at high angle grain boundaries with no simple
correlation with the nature of the boundaries.

In recent studies of fatigue crack initiation in copper
polycrystals a large number of persistent slip bands and
microcracks was found parallel to and coinciding with twin
boundaries (fig.6,7). A sectioning technique was used which
unequivocally allowed to detect microcracks. The cracks are not
very striking if observed on the surface (see fig.7) and can
easily be overlooked. Furthermore, in high cycle fatigue
experiments the persistent slip bands coinciding with the twin
boundary are often the only slip trace in twin and matrix grain.
Then it 1is impossible to detect the twin boundary from surface
observations and the PSB is mistaken as a plain PSB crossing the
grain. Only by systematic measurements of the local orientations
such ambiguities can be avoided.

In our studies the local orientations of all grains involved
were obtained by a modified electron channeling technique in the
SEM. A spiral deflection mode was used instead of the wusual line
scan in order to be able to re-focus the SEM automatically and
continuously as a function of the current radius of the spiral. In
this way the positional accuracy of the rocking beam on the
specimen surface could be kept below 3 um for a rocking range of
15%. The intensity signal from the SEM was evaluated in an analog
circuitry for sudden changes in contrast (channeling lines) and
their position was recorded digitally. The resulting digital image
of the channeling patterns was evaluated by a computer program to
obtain the orientation. The accuracy of this fully automatic
method to obtain the relative orientation of grains larger than
3 um is better than 0.2° and will be described in detail elsewhere
(28).

As mentioned above, in low amplitude tests with lifetimes of
the order of 10" cycles, the cracking at twin boundaries becomes
even more pronounced in the sense that cracks do form almost
exclusively coincident with twin boundaries. Under such
circumstances very few slip bands were introduced in the interior
of the grains. Almost all slip bands were parallel to twin
boundaries and most of them developed cracks.

Cracking at twin boundaries 1is to some extent surprising
because twin boundaries are known to be the grain boundaries with
the Jowest possible energy. Even more surprising is the fact that
in a stack of lamellar twins there is a strong tendency that slip
bands and cracks formed only on every other twin boundary as shown
in fig.8. These observations are in agreement with older papers
(19,29-31). In these papers no explanation i{s given, it is only
pointed out vaguely that the activation of secondary slip may be
of importance (31). Similar observations are not reported in more
recent literature.

A B
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In order to understand this crack initiation the local stress
distribution near grain boundaries must be examined more closely.
Obviously in elastically anisotropic materials like copper
incompatibilities would develop across grain boundaries if a
uniform tensile stress, o,, would be present in all grains.
Therefore, if the strains are supposed to be continuous across the
grain boundary, stresses must have a discontinuity there. From
anisotropic elasticity these additional stresses, which add to a,
can be determined from the boundary condition of continuous
strains. In some grains these additional stresses enhance the
external stresses in others they may reduce them. Thus a
systematic variation of local stresses in a twin lamella stack may
explain, that only every other twin boundary in such a stack has
high local stresses far crack initiation. The variations of the
local stresses can be considerable in copper since the anisotropy
ratic 1is 3.2, which means that the value of the shear modulus
varies by a factor of 3.2 depending on the directjon of the shear
elements within the lattice.

The stress concentrations discussed so far do exist at every
elastically incompatible grain boundary and are highest at the
boundary, which is the source of incompatibility. In fcc metals
the twin boundaries are unique among these since they are parallel
to the slip planes, so that long PSB simply fit into the region of
high local stresses. Thus the exceptional role of twin boundaries
may be due to just this geometrical relationship to the slip
planes and may not be connected to energy arguments at all.

If local stress concentrations are relevant, twin boundaries
can act in two different ways to promote crack initiation: 1)
Persistent slip bands form preferentially in the highly stressed
region near the twin boundary and trigger crack formation. 2) In
the stress concentrations twinning dislocations move along the
boundary which results in a motion of the twin boundary. The
region over which the boundary moves undergoes an cyclic local
strain of 70% (the twinning strain). This high local cyclic strain
either promotes crack initiation on its own or again triggers
persistent slip bands.

Both hypotheses can be tested experimentally from the data
available. From the orilentation measurements the local stresses
can be calculated and compared with the occurrence of persistent
slip bands and cracks. Furthermore the change of the resolved
shear stress for the primary dislocations in the grains as well as
for the partial dislocations can be calculated from the local
stresses. High resolved shear stress on both types of dislocations
can then be correlated with the appearance of persistent slip
bands and cracks. If one of these explanations is correct, it
should be possible to predict which of the two twin boundaries in
a stack of twin facets is prone to crack initiation.

10
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To carry out such a program [t is crucial to calculate the
local stresses at twin boundaries. Wang and Margolin (32)
calculated with the help of a finite element program the stress
distribution near special twin boundaries. In order to cover all
possible twin orientations in a polycrystal we tried the following
more simple way:

We consider a stack of twins as shown in fig.9. If the
undisturbed uniaxial tensile stress tensor, ¢2, would be present
homogeneously in all twins, the two differently oriented groups of
twins, 1 and 2, would deform differently due to the elastic
anisotropy and therefore would not fit togcther any more. In
equations: Due to elastic anisotropy the compliance tensor, Siklm’
has different components, Siklm and Sikim in twins 1 and 2
respectively, if given in the same specimen coordinate system.
Thus the misfit strains are

S | 2 . 1 2 a
Ae]k = sik - s]k = (siklm - siklm) Ulm .................... [4]

Let a be the volume fraction of twins 1 and consider the sjtuation
that

0@ + o®/a and 6@ - oP/ (1) . [5]

are the two homogeneous stresses acting in twins 1 and 2
respectively, with some arbitrary stress tensor o~ . Then the
stress averaged over both twins is still o¢2. ob is uniquely
determined by the requirements of compatibility and stress

equilibrium at the twinning planes:
Compatibility: The misfit strains have to vanish:
(s}k]m a?m)/a + (s?k]m a?m)/(]~a) = BB e [6]

Equilibrium: The tractions of ob on the twinning planes have to
vanish, it.e. if n, are the components of the normal of the
twinning planes,

O M = 0 FOr 521,283 .. [7]
Because of [7] the contribution of the homogeneous stress ab to
the shear stress on the planes parallel to the twin interfaces in
any direction bl is zero:

- b
To o= bj alk nk ............................................ [8]

The determination of ¢ is straightforward since [6] and [7]
provide six equations, which are just enough to calculate the six
unknown components of the symmetric tensor a°. However, due to the
anisotropic Siklm it is rather cumbersome to collect the terms for
determining the coefficients in these six equations for ik

11
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Therefore an iterative scheme was preferred. From the known 3
misfit components in the twinning plane the stress which  is
required to compensate for this misfit 1is calculated for the
isotropic case as a first approximation to o (using a value
for s,us., which is adjusted for isotropy). From oé and the
approximate o the (reduced) boundary misfit is recalculated
(using the correct anisotropic Sik) } and then  the  procedure s
repeated. After about seven iteratTons the misfits are neglegibly
small (107 of their original value) and the iteration is stopped.

The piecewise homogeneous stress state [5] fulfills the
compatibility and equilibrfum conditions on the twin boundarics
and elsewhere. However, Ojy produces tractions, o t}=(abk s/,
ooty{, on the surfaces of twins 1 and 2 respectively }sk is the
outer surface normal, d, the skalar value of the applied tensile
stress). Because of [5] we have

t2 = sa/(-a) t) (9]

The solution for a traction-free specimen surface 1is therefore
obtained by adding ¢ to [5]), where ¢ is the stress distribution
due to the opposite surface tractions. The solution ¢ can be
obtained for the 1{isotropic case from Muskelishvili (33). [t is
known to have logarithmic singularities where the tractions change
sign, 1i.e. at the twin boundaries. For our purposes we do not
require the full solution, but just a few properties of ¢“: Since
the average of the ab~contr1butions in [5] is zero, the average of
the surface tractions vanishes, tor. Thus, due to St. Venant's
principle, their effects, 1.e 0%, reaches only into a depth
comparable to the thickness of the twins. Fig.10 illustrates this
situation. Because of ([7] the direction of the tractions is
parallel to the twin boundaries. It {s evident from fig.10 that
the maximum shear stresses will be produced in the immediate
neighbourhood of the twin boundaries. The maximum shear stress
will be on planes parallel to the twin interfaces (normal n[) in a
direction which is parallel to the tractions t{. The resolved
shear stress 1In a given direction bj in these planes will be
proportional to the component of the tractions in this direction

t® s Bogthby [10]

with some unknown poslitive coefficient 8 and s=+1,-1. Since we
have to distinguish the two different twin interfaces, it is
important to specify the sign of € via s unambigously: If [10] is
used to calculate the resolved shear stress Increment on a plane
in the vicinity of a twin interface and the normal of that plane
is pointing from twin 1 to twin 2, then s=+1, otherwise we have
s=-1. The total resolved shear stress is given by the sum of the
regular Schmid factor due to 02 and {10]:

T =04 (b‘ a; ap ng + 8 8 t{ bl) ......................... [11]

12
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where aj is the tensile direction. Thus the factor S measures the
weight with which the logarithmic singularities due to the
tractions are used to modify the Schmid factor. Since s changes
sign at every other twin interface, the shear stress increments t©
alternatingly favour and hinder slip at every other twin interface
in agreement with the experimental observations.

With these possibilities to calculate the modification of the
applied stress in the vicinity of twin boundaries it is possible
to predict for each individual twin interface whether it is prone
to crack initiation or not. For this purpose the local resolved
shear stress in the most highly stressed slip system was
calculated from the measured orientations as discussed above,
assuming a=0.5. The results are shown in fig.11. Each of the 138
evaluated twin interfaces is represented by a plus sign if there
is a persistent slip band - which frequently contains cracks -
connected with the boundary and by a square if no slip 1s visible.
The arbitrary numbering of the interfaces is given on the abscissa
and the modified Schmid factor, t/¢, according to [11] is given on
the ordinate. [t is obvious that there is a strong correlation
between the value of the modified Schmid factor and the appearance
of PSB's and cracks. Above a critical value of r/ao=o.44 (the
horizontal line in fig.11) almost all twin interfaces show
localized slip and below they do not. In this sense only 11% (15
out of the total number of 138 symbols) lie on the wrong side of
this line. A value of B8=1.5 was used in fig.11. Jt was fitted to
give the best correlatijon.

The same evaluation was repeated but now instead of the most
highly stressed primary slip system which has a Burgers vector of
the type 1/2{110]. the most highly stressed twinning system which
has a Burgers vector of the type 1/6[112) was considered. The
correlation obtained is as good as with the perfect Burgers
vectors. Since there is only an angle of 30° between neighbouring
{110} and [112]) directions in an (111) plane, the most highly
stressed systems of both kinds are so similarly oriented that the
corresponding results of the type shown in fig.11 are not
significantly different.

The correlation of the occurrance of PSB's with the modified
Schmid factor {is good in fig.11 but not perfect. This |is
understandable since in the discussion of the local stresses near
the twin boundaries only the effect of the twin boundary itself
was taken into account and the effect of all the other nearby
grain boundaries were neglected.

The analysis given above seems to be well suited to explain
the high crack initiation frequency at twin boundaries and
resolves the apparent paradox that the lowest energy boundary is
the most frequent crack initiation site. The twin boundaries do
not crack in a brittle sense but simply act as stress raisers due

13
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to elastic anisotropy Other grain boundaries provide also such
stress concentrations, however, these become the more effective
the larger pieces of slip planes fit Into the stressed region near
the boundary in order to form a persistent slip band there. In the
case of coherent twin boundaries which are parallel to the (111)
slip planes in both grains this condition is fulfilled ideally In
the case of other grain boundaries this can be the case only
incidentally. In additiun the twin boundaries () 3) are by far the
most abundant large angle boundaries in the strain annealed
polycrystalline copper which we studied. Fig. 12 shows the relative
abundance of the different types of bounddaries in our material
l.im and Raj published similar observations on nickel polycrystals
(34)

These ideas can of course be applied to other materials and
systems A few experiments were done in pure Ni confirming the
ahove results: Al though segregated grain boundaries of
considerable obrittieness were know to exist in the material (from
studies of the stress corrosion cracking and hydrogen
embrittlement) in high cycle fatigue the most sensitive crack
nucleation sites were annealing twins again

After knowing about the importance of twin boundaries the
crack nucleation sites in stainless steels which have been studied
in another program were examined more closely. In many cases crack
nucleation was indeed found at twin boundarijies.

In bcc crystals the relation between slip planes and twinning
planes i{s different and therefore it would be interesting to study
the situation near twin boundaries in bcc metals in similar
details. Some results discussed by Tanaka and Kosugi (35) seem to
point into the same direction

CRACK INITIATION AT INCILUSIONS

In commercial materials varying quantities of unwanted inclusions
are always present due to the production process. These inclusions
are detrimental hecause they have a low strength themselves or the
interface between the inclusions and the matrix is of low
strength. Therefore these inclusions are weak spots 1in the
material and when it is loaded. cracks form at a reduced stress
there. Fig.13 gives one example Depending on the size of the
inclusions the crack nuclei size ranges from a few microns to a
few 10 microns. [n this type of crack initiation there is no
question about the mechanism; it is simply the reduced strength of
the inclusions.

Crack initiatjon at inclusions is very important for
commercial steels. The growth of short cracks starting from such
crack nuclei determines the fatigue lifetime and can be used for
rather reliable lifetime predictions for random loading (36).
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There is only one way to improve the fatigue properties of
such materijals: To avoid low strength inclusions, either by
fncreasing their strength or by avoiding them totally. However,
the efforts to produce “"purer” materials cannot increase the
fatigue strength indefinitely. If the inclusions are eliminated.
crack initiation in slip bands is still operative. Therefore it
must be checked carefully whether the costs to eliminate
inclusions are justified by the possible improvements.

A certain limiting case is found in high temperature fatigue At
elevated temperatures the oxidation rates are considerable and
oxidation is enhanced due to the deformation induced fracture of
the protecting oxide film. Therefore, slip localization causes
localization of the oxidation. This leads to the development of
extensive oxide clusters. Fig.14 shows a section through the
oxidized surface (which on average is vertical in this figure) of
a specimen after creep fatigue. A cracked oxide cluster (dark
areas) is penetrating into the base materfal {(light areas on the
right) These cracked oxide clusters propagate into the interior
and trigger new plasticity The kinetics of these synergic
processes and their mutual triggering are not studied in a
quantitative way But these phenomena are essential to an
understanding of crack initiation in high temperature fatigue.

In summary it may be said that the most i{mportant fatigue
crack initiation mechanism seems to be that of strain localization
and the synergic effect of large local strains and environmental
attack. The kinetics and quantitative description of these
phenomena are still not well wunderstood. The effect of grain
boundaries seems to be reduced to that of stress raisers for slip
crack fnitijation Therefoure twin boundaries are in fcc
polycrystals the most  likely c¢rack initiation sites at low
amplitudes In many commercial alloys the crack (initiatjon is
stil]l governed by the fracture of low strength inclusions. Certain
(limited) improvements are possible in these systems by avoiding
these inclusions. however., sooner or later the slip band crack
nucleation will limit the fatigue strength. At high temperatures
the synergic interdependence of strain localization and localized
oxidation governs crack Injtiation. Unfortunately, quantjtative
theories which predict the rate of crack nucleation with any
acceptable accuracy are still lacking and are left for future
research.
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Fig 4 Protruding PSB with crack nucleus similar to those found in
single crystals (e g fig 13 in (8))

VACUUM

COMPRESSION

Ind TENSION

Fig 5 Model of crack nucleation by the combined effects of
single slip and environment reactions (19).
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Fig. 6: PSB at twin boundary (at white arrow).

Fig. 7: Crack (not visible on the surface!) at one of the two
twin boundaries (at arrows).
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Fig. 8: Crack nucleation at every other twin boundary (at arrows)
in a stack of twins.

Aoy

Fig. 9: Stack of twins loaded Fig. 10: Tractions on the
in tension. surface due to o°
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EFFECT OF GRAIN ORIENTATION ON THE ORIGINATION AND
THE INITIAL GROWTH OF FATIGUE CRACKS IN PURE IRON

Tsuneshichi Tanaka*

Nucleation and initial growth of fatigue cracks in
pure iron plate specimens were observed under revers-
ed bending and axials stresses and under alternating
tension. Grain orientation was determined by the
etch pit method developed by the author. It was
found that cracks originated at grain boundaries
under reversed stress but they nucleated along slip
bands under alternating tension. The shift of the
crack nucleation sites may be caused by the degree
of development of slip bands activated by the maxi-
mum applied stress. Another finding was that the
morphology of early cracks was the same as that of
the pencil glide observed in the slip motion of
b.c.c.metals.

INTRODUCTION

Recently, much attention has been paid to the problem of short
fatigue cracks, since this problem is closely connected to that

of the fatigue threshold. And a number of works have been report-
ed on various aspects of short cracks (1). The behavior of short
cracks is, however, strongly affected by the crystallographic
structure of materials; namely the grain orientation, Schmid
factor, dominating slip system and grain boundaries. Therefore,
it is important to have the information of these factors in most
of the studies of short cracks.

The author recently developed a technique of grain orientation
analysis in the case of commercial base polycrystalline pure iron
by etch pit method (2), and have made a series of observations on
the origination and initial growth of cracks under bending and
axial stresses in high cycle fatigue tests.

The observation results were analized in relation to the
structural factors of the matrix surrounding cracks to make clear

* Department of Mechanical Engineering, Ritsumeikan University,
Kita-ku, Kyoto 603, Japan
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the conditions satisfied at the crack nucleation sites. The analy-
sis was also made on the morphology of crack growth in individual
grains and crack penetration into neighboring grains (2)-(5).

This paper is a summary of some of recent works together with
a brief explanation of grain orientation analysis by the etch pit
method. An emphasis is placed on the discussion of the preferen-
tial crack nucleation sites and of the morphology of early cracks
subsequent to nucleation.

GRAIN ORIENTATION ANALYSIS BY ETCH PIT METHOD

Crystallographic orientation of surface grains of a commercial base
pure iron plate specimen is successfully determined by the etch pit
method recently developed by the author (2). The etchants and
etching conditions, which were first suggested by Taoka et al. (6),
and improved by the author after several trials are listed in
Table 1.

By soaking a specimen first in etchant A and then in etchant B
under the respective conditions, etch pits of different patterns
are developed in grains of different orientations as shown in
Figure 1. The normal direction of the specimen is indicated in
each photograph by the point in a standard stereographic projection
triangle. The ridge lines of an etch pit are clearly observed in a
scanning electron microscope owing to its deep focus, and since the
matrixes surrounding etch pits have different contrasts depending
on individual orientations, the grain boundaries are easily traced.

All the etch pit walls are made of {110} planes and all the
ridge lines are in <111> direction. Hence, each etch pit has such
a shape that is produced by indenting a rhombic-dodecahedron com-
posed only of the {110} planes shown in Figure 2 onto the specimen
surface from an arbitrary direction. 1In Figure 2, a;, a;, a3 are
unit vectors of the cubic crystal forming a cartesian coordinate
system 0-XYZ, and e, ez, e; are three ridge line vectors emerging
from a vertex denoted by -P. The angle between each pair of ridge
lines is 8, =cos ' (~1/3) = 109.5°, and there is a simple relation
between e and a vectors:

el =Lo[ a1, Lo=[-1/Y3 1/V3 1//3 | . (1)
e [ az { 1//3 "l/l/i 1/\/3_
e; | a; 1/Y3 1/V/3 -1//3

Now, let n be the normal direction of the specimen surface,
and I and m be the longitudinal and transverse directions of the
specimen, and suppose that the vertex -P is indented onto the spec-
imen surface from an arbitrary direction which is supposed here as
~n direction. Then on a photograph of the etch pit thus produced,
projections of three e vectors in -n direction are observed as
photographs (b), (c) and (d) in Figure 1. This situation is

[
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illustrated in Figure 3 where -P is relabelled by 0. Here e, e.",
e3"” are the orthogonal projections of e vectors in -n direction on
the equatcerial plane (projection plane), and e;', e2', e3s' are
stereographic projections of e vectors on the same plane with re-
spect to the pole O'. It is obvious that mutual angles 8;, 02, 63
between e1"”, e2", e3" are equivalent to the angles between e;', ez,
e3’. This fact enables us to use the stereographic geometry (7)

to find the directions of e vectors with respect to 1, m and n di-
rections.

Figure 4 shows the angles to be measured on an etch pit photo-
graph. From angles 6;, 62, 03, direction cosines n;, nz, niofe;,
ez, e3 vectors with respect to n direction are found by trial and
error method. However, by doing the tedious trial and error cal-
culations by computer, and making the "master table" relating the
angles 0; and 03 to the values of nmy, n; and n3 for a possible
range of 02 and 83, one can find the direction cosines n;, n, and
n3 immediately from the measured angles. A first few lines of this
master table are shown in Table 2.

The direction cosines 1,, 12, 13 and my, my, my of e, e;, e3
with respect to the directions 1 and m are calculated by the fol-
lowing formulas:

1;=V1-nj% cosaj, m1=/1-n1'7cosBl', (i=1,2,3) (2)

where 0; and Bi are angles shown in Figure 4 and are measured on
the etch pit photograph. Thus we obtain the relation:

eyl =Li| 1|, Ly=[1, mm|. (3)
e m 1l my nz
e; n 13 m3 nj

Combining the equations (1) and (3), we obtain:

ay] =L[ 17, r=rL¢ 1. (4)
aj m

asj n

This is the equation providing the relationship between the base
vectors of the cubic crystal and the base directions of the
specimen.

Returning to Figure 2, the point -P is a vertex where three
ridge lines meet, and an adjacent vertex, say, the point D' has
four ridge lines, three of which are parallel to e, e: and es;
an etch pit pattern corresponding to such a vertex as D' is given
in photograph (a) in Figure 1. Therefore, from the etch pit pat-
tern produced by the vertex D' we can build the pattern correspond-
ing to the point -P. Thus the above analysis is applied to all
the etch pit patterns.
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FATIGUE TEST

Pure iron (99.9%) of commercial base was used in the experiment in
the fully annealed state. The heat treatment conditions and me-
chanical properties are listed in Table 3. The mean grain size
was approximately 160 um. Plate specimens shown in Figure 5 were
prepared with a final finish by electrolytic polishing. Plate
thickness was t=1.0mm for the specimens used in reversed bending
tests and t=1.5mm for those used in axial loading tests.

Reversed bending tests were carried out by using a magneto-
electric type cantilever plane bending machine with zero mean
stress at the frequency of 60Hz. Axial loading tests were carried
out under two loading conditions of fully reversed tension-com-
pression (R=-1) and alternating tension (R=0), by using a hydro-
electric servo type axial loading machine at the frequency of 30Hz.
The obtained S-N relations are shown in Figures 6 and 7, respec-
tively for reversed and axial loading tests.

The nucleation of cracks and their early growth were observed
at stress levels just above the endurance limits under respective
loading conditions. 1In practice, the test was interrupted at every
10° cycles and a specimen was removed from the machine for SEM ob-
servation. After repetion of such surveys, the test was finally
interrupted at above 50-80% of the fracture life and the specimen
underwent a series of treatments. In the first place, the specimen
surface was treated by the etchants A and B in Table 1 to yield
crystallographic etch pits, and the orientation of grains surround-
ing cracks were determined. Since two slip systems, <111>-{110}
and <111>-{112}, exist in b.c.c. metals, which are equally opera-
tive under repeated stress (8), and each slip system has twelve
systems in the combination of slip directions and slip planes,
geometrical configuration and Schmid factor of all the systems were
determined to make clear their influence on the nucleation and sub-
sequent growth of cracks. After fixing the grain orientation, the
surface layer of the specimen was successively removed by electro-
lytic polishing to find the morphology of cracks and grain bound-
aries below the surface. Micro-vickers indentation marks were
conveniently used as fixed points when thin lavers were removed.

OBSERVATION OF CRACKS

Cracks under Reversed Bending Stress

Under reversed bending stress, cracks were observed at the
stress Oa = 140MPa. Fine cracks were first observed at about 10°
cycles, and they grew continuously until the test was interrupted
at 2.1x10° cycles. Approximate locations of the observed cracks
on the specimen surface were indicated at the lower left corner of
Figure 8; they are labelled as crack G, K and L. Finer cracks
other than these were also observed on the surface, but their
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growth was limited and disappeared by the removal of tnin surface
layer. 1In the following, the observation results are explained
for crack K and G by showing the morphology of these cracks.

Morphology of crack K. The growth of the crack K on the specimen
surface is presented in Figure 8 where numbers in each photograph
indicate the distinctions of grains. A fine crack was found at 10°
cycles at the boundary of grains 2 and 9 (boundary 9-2) and grew
along the same boundary until 1.4 x 10° cycles. And at 1.8 and 2.1
x 10° cycles, the upper part of the crack entered into grain 2,
while its lower part progressed along the boundary 9-12 and reached
a triple point of grains 9, 12 and 18, and then entered into grain

18 with a short discontinuity at the triple point. Symbols ﬂ§§

express dominating slip planes in each grain and arrows attached
to the symbols indicate the directions of intersections of the
slip planes with the surface.

Table 4 shows the Schmid factors of 24 slip systems in grain 2
as an example, where S? and H?; mean a slip direction and a slip
plane, and K; is Schmid factor. Four suffixes have the following

meanings; k indicates grain number, 1 is 0 for <111>-{110} slip
system and 2 for <111>-{112} slip system, i (=1,2,3,4) indicate the
distinctions of four different slip directions in b.c.c. metal, j
indicates three different slip planes belonging to each slip direc~
tion and j takes 1, 2 and 3 in the order from the largest to the
least Schmid factors. Dominating slip systems were defined as
those having the Schmid factors larger than 0.38 which was selected
rather arbitrarily as in the author's previous report (3).

In Figure 8, it is found that the directions of the dominating
slip planes coincide with slip band directions. Especially, it is
noted that the boundary 9-2 where the first crack emerged is paral-
lel to the dominating slip plane N3% and cracks in the grains 2 and

18 are exactly in the directions of N3} and Ri§°2,

Photographs in Figure 9 show the inner surfaces of indicated
depths from the outer surface. Photograph (a) is the outer surface
after etch pit treatment. These photographs indicate that the
grain boundary crack on the outer surface tends to part from the
boundary under the surface (photographs (b) and (c)), and the con-
tinuous crack on the specimen surface is disjoined inside, and at
the depth of about 30um it becomes three separate cracks in the
grains 2, 9 and 18 (photograph (c)). In photographs (d) and (e),
a crack remains only in grain 2 and cracks in other two grains are
only traces and almost disappear. Grain N1 in photograph (e) is a
new grain appeared at this depth.

Three illustrations in Figures 10, 11 and 12 show the morphol-
ogies of the cracks in respective grains 2, 9 and 18. In each

27




FATIGUE 87

figure, the frame 1s in the directions of the specimens base vec-
tors 1, m and n. Bold lines (solid and broken) indicate grain
boundaries and fine lines indicate dominating slip planes. Coarse-
ly shadowed area is a crack surface resting on dominating slip
planes and finely shadowed area is a part of crack not resting on
any dominating slip plane or a crack on a grain boundary.

Figure 10 shows the morphology of crack in grain 2 in the in-
side layer deeper than 30um where the crack is separated from those
in the other grains. It is observed that the crack progressed into
grain 2 in the direction of S} along two dominating slip planes .5
and ﬂ%?. Moreover, comparing to the crack length measured at the
upper surface of the given frame in Figure 10 (about 120um), its
length in the direction of S% (about 200um) is much larger, and
therefore it seems that the crack propagated into the grain mainly
as a mode [I crack.

Figure 11 shows a part of crack from a to b in the photograph
(a) in Figure 9. Although this crack lay on the grain boundaries
9-2 and 9-12 on the specimen surface, it penetrated into grain 9 as
shown in the photographs in Figure 9. Tre shadowed area A is a
part of crack on the grain boundary to the depth of about 25um.
The similar area B is partly on the grain boundary but the other
part is inside the grain 2 without lying on any dominating slip
system. It is again observed that in grain 9 the crack progressed
in the direction of s} along two slip planes 3% and 1%3.

The illustration in Figure 12 shows a crack in grain 18 in the
inside deeper than 12um. In this case the crack is lying on three
dominating slip planes H%?’z, 739°°% and N38°°%, which all belong to
the same slip direction si8

Morphology of crack G  Crack G was observed to originate at grain
boundary 8-5 in Figure 13. This grain boundary is parallel to the
slip plane n%% of grain 8. Until 2.1 x 10° cycles, the crack grew
along the boundary 8-7 and entered into grain 9 in its lower part,
and its upper part entered into grain S.

Three dimensional morphology of this crack given in Figure 14
shows that the first cracked part along the boundary 8-5 is lving
on the same boundary to a certain depth as shown by the fine shad-
owing, but most part of the crack is {n grains 8 and 9. In each
grain the crack surface is on the two dominating slip planes and
penetrates into the common slip direction; slip planes n%? and Fgf
with the direction Sg in grain 8, and slip planes n3Y and N33 with
the direction S} in grain 9. Moreover, in this case of crack which
extended to two grains, it is found that the adjacent dominating
slip planes in two grains intersects with small mismatch and two
slip directions Sg and 53 are almost parallel.

28




FATIGUE 87

Under completely reversed axial stress (F=-1), the observation
was made at the stress ; (= ‘mgx) = 115MPa, and cracks were tound
at 3~ 10" cvcles. The test was interrupted at 107 cveles.,

Figure 15 shows one of such cracks observed on a specimen sur-

face. It was found first at grain boundarv 3-4 and until 5 - 10°
cycles, its upper part grew along another boundarv 1-2, and its
lower part entered into grain 5. It is noted that the first crack-

ed boundarv 3-4 is parallel to the dominating slip plane i of
grain 3, that is in the same mode as in the previous cases observed
under reversed bending stress. Patterns ot this crack on s.veral
inner surfaces are shown in photographs (h), (¢) and (d) in Figure
16. Photograph (a) is the outer surface after etch pit treatment.
These photographs show that the almost straight crack on the spec-
imen surface is no longer straight inside but it is bent at two
points (photographs (b) and (c¢)), and in the deepest part it be-
comes straight again (photograph (d)).

The morphology of this crack is shown in Figure 17. The upper
surface of the frame corresponds to 38um deep inner surface shown
in photograph (b), and at this stage grain 3 disappeared. Although
the illustration is rather complicated, by paving attention to the
shadowed area presenting the crack surface, it is found that the
crack is resting on one or two dominating slip planes having the
same slip direction in each grain; the crack is on EE? and ﬂﬁﬁ with
$i in grain 5, and on ﬂg? and '8} with s% in grain 6, and on H%f
with S$3 in grain 1. Moreover, the above three slip directions are
almost parallel as in the case of Figure 14. It is therefore sug-
gested that the crack propagated in these grains in almost the
same direction in the shear mode.

Figure 18 shows another crack observed at the same stress level.
This crack was found also at 3 x10° cycles at grain boundary 1-2,
and at 10° cycles it entered into grain 3 after passing through the
boundary 1-2 (photograph (a)). At the depth of 55um from the sur-
face (photograph (b)), the upper part of the crack has two branches
along the boundaries 1~4 and 2-4, and its lower part is bent along
the two slip planes HE% and N29.

The morphology of this crack is given in Figure 19, in which
grain boundaries inside the frame are not drawn to avoid complica-
tion. It is observed that the crack is on the grain boundaries to
a certain depth at the first cracked site and at the branched parts,
but in grain 3 it penetrated deep into the grain along the slip
planes N2} and N} in the direction si.

Cracks under Alternating Tensile Stress

Observations of cracks were made at Omax = 190MPa under
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alternating tensile stress (R=0). Under this stress condition,
slip motion was much more active than in the case of reversed
stress due to high maximum stress, and most of the surface grains
were covered by dense slip bands. Figure 20 shows such surface
grains photographed at 5 x10° and 2.2 » 10° cycles. Cracks are
found in the grain 1 along the slip bands whose directions coincide
with the direction of slip planes /1 and 71} belonging to the same
slip direction s}. Since these cracks disappeared after the tirst
removal of l4um thin surface laver, no illustration is given in
this case. The important thing is that no cracks were found at
grain boundaries under this load condition of R=0.

Figure 21 shows another crack observed at the same stress
level, and Figure 22 shows the morphology of this crack. The
crack nucleated again along slip band inside a grain (grain 1),
and it penetrated into the grain along the dominating slip system
S%-ﬂ%% in the shear mode.

DISCUSSION

As mentioned in the introduction, one of the purposes of this study
was to make clear the location of the nucleation of fatigue cracks.
So far there have been both assertions; whether fatigue cracks
nucleate at grain boundaries or theyv emerge along slip bands inside
grains (9)-(13). The observation in this study clearly shows that
the crack nucleation site is not inherent in the structure of mate-
rial but shifts its location depending on the applied maximum
stress which is varied by the stress ratio R. Under the reversed
stress of R=-1, development of slip bands is suppressed due to low
maximum stress and cracks nucleate at grain boundaries without ex-
ception, regardless of whether the stress is bending or tension-
compression. But under the alternating stress of R=0, all cracks
nucleate at well developed slip bands inside grains that are acti-
vated by high maximum stress.

The second point that was aimed was to make clear the fundamen-
tal morphology of early growth of cracks following their nucleation
in relation to the crystallographic structure of the materials. It
is now clear that an earlyv crack penetrates into grains along one
or more dominating slip systems having a common slip direction in
respective grains, regardless of whether it nucleated at a grain
boundary or along a slip band. This morphologv of earlv cracks is
quite the same as that of pencil glide commonly observed in the
slip motion in b.c.c. metals, as already suggested bv Otsuka et al.
(14) and Asami and Terasawa (15). In this sense, the propagation
of early cracks occurs in the shear mode.

The observation of the crack K showed that the crack continuous
in thin surface laver disjoined in the inside and separate cracks
penetrated deep in individual grains. Hence, it seems that thev
will coalescense again when their growth reaches some threshold
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value. However, there is another case as shown in Figures 14 and
17, where cracks extended over two or three grains. In such cases,

the crack propagates preferentially to the dominating slip svstem
of an adjacent grain which has a closer orientation to that of the
slip system in the first grain on which the crack already exists.
The existence of such preferential slip systems in neighboring
grains may be a cause of occurrence of the latter case.

In the previvus report, toe author pointed out that, when
cracks nucleated at grain oou daries. high orthogonalityv conditions
were satistied betweei tw. duoninating slip systems adjacent o eac.

cthor aioa grain boundarv vhere a preferential crack nucleation
a¢ oarved, and ene of the dominating slip planes was alwavs parallel
to the grain boundary (3). The par.llelism of a dominating slip

pluane to the cracked boundarv is again confirmed in this study as
frequently mentioned in the explanation of observation results.
Regarding the orthogonalitv conditions, the results of analvsis
for the cracks K, G and l. are listed in Table 5. It is found that
the angles between two dominating slip plane normals each in adja-
cent grains are close to a right angle and those between the slip
directions are also close to a right angle excepting the case of
crack K.

CONCLUSION

The nucleation and early growth of fatigue cracks in pure iron
plate specimens were observed under reversed bending and axial
stresses and also under alternating tension. The orientation of
grains surrounding cracks was determined by the etch pit method,
and three dimensional morphology of cracks were drawn based on the
observation of cracks on inner surfaces created by removing surface
layers. The major results are summarized as follows.

(1) Under reversed bending and axial stresses (R=-1), cracks
nucleate always at grain boundaries, but under alternating tension
(R=0), cracks nucleate along slip bands inside grains. Slip
motions activated by a high maximum stress in the latter stress
condition give rise to well developed slip bands in surface grains,
and thus produced persistent slip bands may be the source of crack
nucleation.

(2) Early growth of cracks subsequent to nucleation takes place
along one or more dominating slip systems having the same slip
direction in individual grains, regardless of the nucleation sites.
Its morphology is just like the pencil glide observed in b.c.c.
metals and the progress of cracks occurs mostly in the shear mode.

(3) When a crack extended to more than one grain, two cases
were observed; one 1s the case where the crack becomes discontin-
uous below the surface and separate cracks penetrate deep into
individual grains, and the other is the case where the crack
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propagates to an adjacent grain having a preterential slip svster
whose orientation is close to that in the tirst wrain.

(4) In the case when cracks originate at grain boundaries,

several crvstallographic conditions were tound at those boundaries,

in the previous studv. some of these conditiops were contirmed to
hold again in this study,

SYMBOLS USED

a; = hase vectors of cubic crvstal (2=1,2.1)

e = ridge line vectors of rhombic~-dodecahedron emerged
trom a vertex (:=1,.,1)

e:' = orthogonal prajection of e;

e;" = stereographic projection of e;

1, m, n =base vectors ot the specimen coordinate svstem

= angle between e: (:=1,2,%)

vy = angles between e,;’' (1=1,2,1)

I = angle between e;’' and 1

R =angle between e;' and m

iy, my, n; =direction cosines ot e; with respect teo 1, m, n

L.y i:y L =transformation matrixes

Sf, ‘;i =slip direction and slip plane

1(]Y = Schmid factor

suffix X = grain number

suftix ! =0 for 111 =110 slip system and 2 tor 111112
slip svstem

suffix 1 =distinctions of four slip directions (:=1,2,3,4

suffix ; =distinctions of three slip planes belonging toe cach

slip divection in the order of the magoitude ot
Schmid factor (7=1,2,%
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TABLE 1 - Etchants and etching conditions

Etchant A

Reagent: HCl O.l¢cc, HZOZ lcc. H;0 50cc

Soaking time and temperature: 20-30sec at 25°C
Ecchant B

Reagent: Saturated aqueous solution of FeCly«6H:0 10cc
HzO0 50c¢, HNOj3 Scc

Svaking time and temperature: SOsec at 25°C

TABLE 2 - Master table (first few lines)

X7z Q7,0 x4z 5040, Wlz=den72 GeD?773 3z 34?24
X2z 9N,25% X3z %0425 L1z=9e57c3 0 242773 w32 065773
K22 90,501 x4 40450 hlz=2edn72 1e9773 FE RS & Y
X2z 90, 7% X3z %0475 L13=04542 ! Qen772 V32 05772

i

PSR AR

X2z Q1,20 Xxi= 21490 Hlz«0e5570
X2z 9142% a3z 21429 Hl1==343519
£2z 91,50 X3z Jlet0 112=0454n07

X2, X3=8,, 933 N1, N2, N3=ny, np, nj3

Se5T7E W3z 045772
345771 W32 045771
042770 32 (45773

T N T TR (AT

TABLE 3 - Heat treatment and mechanical properties of material

Material Heat treatment Yield point Tensile strength Elongation
Pure iron 960°C 3hr, F.C, 115 MPa 239 MPa 48

i3 T
! [ ‘ s
! <111>~{110'slip system | <111>-:112}slip system
1
Y -
GNO. J s.d. 1 s.p. s.f. . s.p. s.f.lﬁ s.p. s.f.00 s.p. s.f. s.p. s.f. s.p. s.f,
si . tip K iy Ko Ti o K iy Kl NS E
I ; —
=1 i5=1l 0.0 15=12 0.02 £3=13 0.00 gj=1 0.334°12 0.2. f5ei3 oo
) 2 ‘ 210.3% 2 .23 204, 20, 2 oG.2h 23 e
! )
3 31 0,46 120,38 33 0.08 . 31 0,48 32 0.3 ] 33 L.17
4 | Al 0.220 ar o G.13 43 0,08 sl 0.21 < L2 0.1 PER
| S i I S, A —

Key: GuO.; grain number, s.d.; slip direction, s.f.; Schaid factor, s.p.; slip plane

TABLE 5 - Angular relationship between two dominating slip systems
in the grains adjacent at cracked boundary

—
Cratn .! Schmid | Angle (degree)
Crack boundary ! factor between the normals between
-] ; Ki - Kj of the slip planes ! the slip directicns
i 4. ——
K 9-2 | 0.40- oasT L(n22,~§§)=80.5 h £(s3,8) = a2
1 ! : ! :
G 85 5 0.48-0.47 ' c(n33,35) = | £(s¥,55) = 80.9
L L 10-12 j 0.40 - 0.67 | L(-ljﬂlr,rlsl.%) = 80.5 1 L(st, ,suw
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THE GROWTH OF PERSISTENT SLIP BANDS

W. J. Baxter”

The growth of persistent slip bands (psb) in 6061-T6
aluminum was measured with a photoelectron microscope
equipped with a fatigue stage. The psb appeared
initially as a small extrusion and elongated across
the surface by the sequential addition of new extru-
sions. As the psb elongated, the initial extrusion
became more pronounced. The rate of elongation in
polycrystalline material varied inversely as the
length, whereas in a single crystal the rate remained
constant. This difference is attributed to the con-
straints imposed upon a small grain by the surrounding

material. The growth laws are described by a simple
mode!l in which the psb is softer than the matrix of
the grain.

INTRODUCTION

In many materials the initial surface manifestation of fatigue is
the appearance of persistent slip bands (psb), some of which later
become sites for fatigue cracks (see, e.g., Forsyth (1), Laird (2)
and Mughrabi et al. (3)). This process can occupy a major fraction
of the fatigue Iife particularly at low stress levels. But whereas
the growth of fatigue cracks has been studied extensively for many
years, there is still little corresponding information on the
growth of psb. One reason for this is the difficulty of detecting
the early stages of psb formation with conventional techniques of
surface examination. In this study a photoelectron microscope
(PEM) equipped with a fatigue stage provided sufficient sensitivity
to observe the early stages of growth of individual psb in single
crystal and polycrystalline 6061-T6 aiuminum. The topography of
the psb was then examined in more detai! by scanning electron
microscopy. These experiments have revealed that initially a psb
appears in the form of a small extrusion, then elongates across the
surface by the sequential addition of new extrusions. Further it
is shown that in a2 singie crystal the rate of elongation is con-
stant, but in polycrystalline material the rate of elongation
varies inversely as the length of the psb. These growth laws are

* Physics Department, General Motors Research Laboratories, Warren,
Michigan 48090-9055
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accounted for by a model in which the material of the psb has a
lower yield stress than the matrix of the grain. The difference
between the single crystal and polycrystalline behavior is
attributed to the constraints imposed upon a smati piastically
deforming grain by the surrounding elastically deforming material.

EXPERTMENTAL

Smal) cantilever beam specimens, with a tapered gauge section

(~2 mm wide x 4 mm Iggg) were fatigued at maximum cyclic surface
strains of 23.0 x 10~ in the vacuum chamber of a photoelectron
microscope (Baxter and Rouze (4)). Specimens with small grains
(average diameter ~30 um) were machined from sheet material 1.5 mm
thick. A specimen with large grains was machined from a forging
such that the gauge section consisted of a single crystal. (The
only observable difference in the microstructures was a slightly
smaller concentration of Fe SiAI1 and Mg,Si precipitates in the
large grain specimen.) The surfate was méchanically polished with
1 um diamond paste, then etched for four minutes in a solution of
2 mb H2$0 , 1 mL HF and 97 mL H20 to reveal the grain boundaries.
Finally, éhe specimens were exposed to ambient air for 24 hours to
form a thin surface oxide film,

In the PEM, photoelectrons emitted from the specimen pass
through a magnetic lens system and form a magnified image of the
surface on a fluorescent screen. As the specimen is fatigued, the
thin oxide film is ruptured by the emerging psb, exposing fresh
metal surfaces. These surfaces emit more photoelectrons (so called
exoelectrons (Baxter (5)) than the surrounding oxide-covered metal,
and appear as white spots or lines on the micrographs shown in the
next section.

RESULTS

Photoelectron Microscopy

A complicating factor in the measurement of psb growth rates is
that a large number appear, and grow, simultaneously. In these
exper iments, the psb were imaged at regular intervais during a
fatigue test and the measurements were confined to psb which
elongated in a simple manner without the complication of inter-
actions with other psb.

Single Crystal. The early stages of growth of some psb are

i ITustrated by the photoelectron micrographs in Figure 1. This
sequence depicts the characteristic behavior of the initial appear-
ance of many small spots of emission and the subsequent elongation
of many (but not all) of them, as the psb grow across the surface.
The number of cycies required to create an initial spot of emission
varies considerably from one psb to another, new spots appearing
even after some psb have elongated substantially. The psb A-E in
Figure 1 were measured because they were relatively isolated.

&~
&
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Within the range of observation the length of all these psb
increased in direct proportion to the number of fatigue cycles
(Figure 2). Similar behavior was also observed for other psb at
other locations on the specimen; however, the rate of growth dif-
fered from one psb to another, as is evident in Figure 2.

6) and (7)), in polycrystalline specimens the length of a
psb increases as the square root of the number of fatigue cycles.
This parabolic growth law differs substantially from that for a
single crystal as is illustrated by Figure 3, where the measure-
ments of a psb in a polycrystalline specimen are compared with
those of psb A of Figures 1 and 2. (Note that the number of
fatigue cycles plotted in Figure 3 is that in excess of those
required for the initial onset of exoelectron emission NO)' In
this example, the length (£) of the psb is given by

-3

Polycrystal. As has been reported previously by this author
asaxter z ;

=8x10" (N-3.5x 103) pm for the single crystal (1)

and

=036 (N-2.7x 103)1/2 pm for the polycrystal (2)

angzthglrespective growth rates are 8 x 1()'3 um/cycle and 6.5 x
107° 27 um/cycle.

Scanning Electron Microscopy

Examination of the specimens in a scanning electron microscope
did not reveal any obvious differences in terms of the topography
of the psb extrusions. Each contained psb with similar structures,
ranging from simple to more complex depending upon their maturity.
In this regard, comparison with PEM images showed that the initial
or mature portions of a psb had more pronounced extrusions than the
freshly formed regions near an advancing tip. This tapering of the
extent of extrusion is illustrated by the scanning electron micro-
graph in Figure 4,

DISCUSSION

The important finding of this investigation is that the growth
kinetics of persistent slip bands in a single crystal are quite

different from those in polycrystalline material. The rate of
growth in tbf single crystal is constant, but in the polycrystal it
varies as £ °. Therefore we conclude that in a single crystal a

psb can elongate in a relatively unconstrained manner, whereas the
growth of a psb in a small grain of a polycrystaliine specimen is
restrained by the surrounding material.

Mode |

The physical basis of our model is that i) the material within
a psb has a lower yield stress than that of the surrounding matrix,
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and ii) the elongation of the slip band involves a systematic
conversion of the original matrix microstructure to a different and
weaker form. This approach is based upon well documented evidence
in the literature. For example, transmission electron microscopy
of psb in aluminum alloys (Vogel et al. (8) and Stubbington (9))
has shown that the very small strengthening precipitates are dis-
persed or dissolved by the repetitive dislocation motion, creating
a thin (~0.1 um) planar layer of material relatively free of pre-
cipitates. This permits dislocations to move more easily and can
even lead to the formation of dislocation cell walls within the
slip band ((9) and Lynch (10)). In fact very large cyclic strains
(0.3 to 0.6) in psb have been measured directly by interferometry
(Lee and Laird (11)). Other evidence for the creation of softer
material within a psb has been found in single crystals of copper,
nickel, and silver (Mughrabi (12)).

Thus, a grain containing psb can be regarded as a composite
material consisting of a strong matrix containing thin planar
lamella of softer material. Such a two phase composite model has
been proposed previously to describe the cyclic stress strain curve
of polycrystalline material (Pedersen et al. (13)). The cyclic
stress creates a large predominantiy-plastic deformation (€ )
within the psb, but only elastic deformation (€ ) in the matrix.
The primary source of fatigue damage is the sev8re deformation in
the psb, consisting of extensive dislocation motion which creates
the surface extrusions, and simultaneously emits dislocations from
the tip of the psb into the adjacent matrix material. This flux of
emitted dislocations changes the microstructure in the adjacent
matrix material and thereby elongates the psb. The rate at which
this process occurs is assumed to be given by

WP (3)

The total macroscopic strain (eT) contributed by a grain containing
a slip band is

€ = f €. * (1 -f7) eg (4)

where f is the fraction of the grain occupied by the slip band.
For a slip Band of length £ and thickness t in a grain of diameter

D, f= b£/02 Since t ~ 0.1 pm (8), the value of T is aiways very
smal | (<10 °) even for fine grain material. Thus, to a good
approximation

er = f € ¢ € (5)

Comparison with Experiments

The contribution to the macroscopic strain from the psb (f ¢ )
depends upon the experimental ioading conditions.
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Polycrystalline Specimen. Consider a small grain containing a psb,
surrounded by grains of different orientation which are only
deforming elastically (a common occurrence in the early stages of
fatigue). This neighboring material constrains the deformation of
the grain under consideration, so that under the condition of con-
stant cyclic amplitude €1 is held constant. This constraint also
maintains €_ at a constant level throughout most of the grain.

Thus to a f¥rst approximation

f €. = constant (6)

and dZ/dN ~ 21, as was observed experimental ly.

Single Crystal. In this case psb are initiated with equal
probability across the entire width of the specimen so there is no
constraint on the value of €r. As a soft psb develops €+ will
increase slightly, the additional contribution to eIongaIion being

accommodated elastically in the relatively long ends of the speci-
men. Thus, to a first approximation the crystal experiences a
constant cyclic stress, and €_ is constant. In this case di/dN is
constant, as was observed expgrimentally.

Single Crystal Under Constant Plastic Strain. An experiment in
which a single crystal is fatigued under constant cyclic plastic
strain would provide an additional test of our model, since f ¢
would be constant and should result in parabolic growth of the Ssb.
While this experimental condition is not attainable in the PEM, it
has often been employed in studies of psb formation in copper
crystals. Unique among these is the work of Wang (14) who measured
the vertical height of psb extrusions by a profiling technique in a
scanning electron microscope. Wang’s data is replotted in Figure 5
and clearly demonstrates a parabolic relationship. These results
support our mode! and show that the processes of psb elongation and
extrusion growth are controlled by the same driving force (ec).

SYMBOLS

p = constant

= grain diameter (um)
€. = strain in psb
(g = strain in matrix of grain
€7 = total strain of grain
f = fraction of grain occupied by psb
< = length of psb (um)

N = number of fatigue cycles




(1)

(4)

(5)

(6)

(7)

(8)

(9
(10)

(11)

(12)
(13)

(14)
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number of fatigue cycles to initiate psb
thickness of psb (um)
REFERENCES

Forsyth, P. J. E., "The Physical Basis of Metal Fatigue",
Blackie and Son, Ltd., London, 1969.

Laird, C , in "Dislocations in Solids", Edited by F. R. N.
Nabarro, North Holland, 1983, pp. 54-120.

Mughrab:, H. , wang, R., Differt, K., and Essmann, U., in
*Fat gue Mechanisms: Advances in Quantitative Measurement of
Phys:cal Damage", ASTM STP811, 1983, pp. 5-45.

Baxter, W. J and Rouze, S. R., Met. Trans., Vol. 7A, 1976,
pp 647-654.

Baxter, W. J., Treatise on Materials Science and Technology,
19, "Experimenta! Methods, Part B", Academic Press, New York,
1983, pp. 1-66.

Baxter, W. J., in "Fundamental Questions and Critical Experi-
ments on Fatigue®, ASTM STP, 1985, In Press.

Baxter, W. J., Proceedings European Group on Fracture,
Sheffield, England, 1985, In Press.

Vogel, W., Wiihelm, M., and Gerold, V., Acta Met., Vol. 30,
1982, pp. 21-30.

Stubbington, C. A., Acta Met., Vol. 12, 1964, pp. 931-939.

Lynch, S. P., in "Fatigue Mechanisms®™, ASTM STP 675, 1979,
pp. 174-213.

Lee, J. and Laird, C., Phil. Mag. A, Vol. 47, 1983,
pp. 579-597.

Mughrabi, H., Scripta Met., Vol. 13, 1979, pp.479-484.

Pedersen, 0. B., Rasmussen, K. V., and Winter, A. T., Acta
Met., Vol. 30, 1982, pp. 57-62.

Wang, R., Doctorate Thesis, Stuttgart 1982. (Quoted by
Mughrabi, H., ICSMA, 7, Montreal, 1985).




FATIGUE 87

5 x 103 Cycles

8 x ‘lO3 Cycles

‘l()4 Cycles

Figure 1. Photoelectron micrographs showing development of
exoelectron emission from psb during fatigue of a single crystal of
6061-T6 aluminum.
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Figure 4. Scanning electron micrograph of a portion of psb C in
Figure 1.
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THE MECHANICS OF FATIGUE-CRACK NUCLEATION IN A LOW-ALLOY STEEL
UNDER FRETTING CONDITIONS

J. Beard®- and P.F. Thomason™

A novel fretting-fatigue test rig. giving close
control and monitoring of contact stresses and
slip-amplitude at a spherical "Hertzian" fretting
contact, was used to establish the progressive
mechanism  of fretting-fatigue. Metallographic
analysis by SEM and TEM methods revealed the
presence of very hard white-etching layers which
were found to fragment and break away from the
fretting-contact surface at regular intervals. The
paper contains tentative proposals for the mechanism
of fatigue-crack nucleation under fretting
conditions, in the presence of white-etching layers.

The present work was carried out with the object of establishing
the detailed mechanism of fatigue-crack nucleation, in a low-alloy
steel. under fretting conditions. The fretting experiments were
performed as a series of interrupted tests. to various fractions of
the total fretting-fatigue 1life, to observe the progressive

development of fretting-fatigue damage with the aid of SEM and TEM
methods.

An important feature of the present experiments was the choice
of a spherical ‘'Hertzian' fretting-contact pad which gave a
controlled contact-stress field. without the presence of the large
localised stress concentrations and discontinuties which are
present at a flat fretting pad. The experiments showed that an
unusual metallurgical transformation occurs in the surface layers
of materiai :t a fretting contact which results in the formation of
an extrramely hard and Dbrittle layer. These transformed
surface-layers began to develop at isolated points over the
* Department of Aeronautical and Mechanical Engineering.

University of Salford, Salford M5 4WT. UK.

" Now at National Centre of Tribology. UKAEA, Warrington, WA3 6AT,
UK.
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fretting surface and were found to have a featureless appearance
after metallographic etching; they are therefore referred to
subsequently as white-etching layers. These hard and brittle
layers were found to have an important influence on the mechanisms
of both fretting-wear and fatigue-crack nucleation.

THE FRETTING-FATIGUE EQUIPMENT

In most previous experimental work on fretting the low levels of
cyclic-slip amplitude at the fretting contact have been obtained by
direct utilisation of the cyclic elastic straining of a fatigue
specimen. Various flat-faced fretting pad and bridge arrangements
{1) (2) (3) have been used to give a relative slip-displacement
across the 'feet' of the bridge device. when the specimen is
subjected to cyclic fatigue loading. The completely 'floating'
bridge device used by Field and Waters (1) has the primary
disadvantage that neither end of the bridge is fixed relative to
the specimen and hence only the sum of the slip amplitudes at the
two fretting pads is known; a disproportionate and varying amount
of slip may therefore occur at the two pads over the course of an
experiment. Attempts to eliminate this 'floating' effect have been
made by Ording and Ivanova (2) and McDowell et al (3) by fixing one
end of the 'bridge' relative to a point on the specimen. However.
in these experiments no attempts were made to measure directly the
magnitude of relative displacements at the pad/specimen interface
during testing and since relatively large clamping forces are
required with a flat-pad contact, any changes in the mean
coefficient of friction at the pad/specimen interface could have
produced substantial variations in the estimated levels of slip
amplitude.

An additional limitation of the flat-pad type of fretting
contact concerns the large stress concentration which develops in
the substrate, adjacent to the square corners of the pad. when the
fretting interface is subjected to shear loading. The theoretica.
solution for a band of uniform shear stress on the surface of the
half-plane (Muskhelishvili (4)) gives the result in Fig. 1la., which
shows the presence of stress singularities at the euds of the
loading band. Wright and O'Connor (5) have studied the
stress-concentration effect at the corners of a flat pad in contact
with the half-plane., using finite-element models. and have
confirmed the complexity of the stress and displacement fields at
an ostensibly simple contact pceometry. It seems reasonable to
conclude, therefore, that in order to achieve a clear understanding
of the fatigue-crack nucleation process under fretting conditions.
it is necessary to utilise a fretting contact geometry which has
been analytically modelled, and which is free from singularities
and discontinuties in the contact stress tield.

Following a wide-ranging review of the surface-contact problem
it became clear that only the Mertzian “sphere and plane” geometry

1
i~
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(6)(7) fulfills the above requirements. Hamilton and Goodman's
results (7) for the surface stress component oy, on the
longitudinal axis of symmetry of a sliding Hertzian contact are
plotted in Fig. 1(b): this graph shows that the ox stress reaches a
sharp tensile maximum at the trailing edge of the spherical
contact, but unlike the flat-pad type of contact (Fig. 1(a)) there
is no stress singularity. A further important feature of the
circular Hertzian contact, in the present context, is the low level
of micro-slip before the onset of gross sliding and the fact that
the extent of micro-slip can be readily determined analytically.
It was therefore decided to base the design of the present
fretting-fatigue equipment on the 'sphere and plane’
fretting-contact geometry. The spherical-contact geometry does not
appear to have been used before in fretting-fatigue experiments,
even though it has the major advantage of being a self-aligning
geometry.

The fretting-test equipment used in the present experiments is
shown schematically in Fig.2 and this incorporates a bridge
arrangement designed to eliminate the uncertainties in measuring
slip amplitude which would have been present with a floating bridge
of the type used in previous work (1). The equipment was designed
to fit in the standard specimen holders on an Amsler Vibraphore
fatigue machine, and the spherical fretting pad is mounted on the
end of a lever arm which has a fulcrum positioned at the lower end
of the fretting-fatigue specimen. This arrangement restrains the
fretting-pad base plate in the direction of sliding, whilst
allowing free movement in the direction of normal contact loading.
Dead weight loading via a pulley-wheel system is a simple and
precise method of applying the relatively small normal contact
loads that are needed to give high stresses at a Hertzian contact.
This loading arrangement also has the added advantage of being
self-compensating for wear of the fretting contact (with a
proving-ring loading system, where the compliance is very low,
small amounts of wear can cause considerable load variation). A
second lever arm is utilised to hold a small rolling element
bearing against the opposing flat of the fatigue specimen and by
this means a side load, equal and opposite to the normal fretting
load is applied to eliminate any bending stress which might
otherwise be induced in the specimen. An important feature of the
present fretting-test equipment is the incorporation of a
pre-loaded bearing at the lever-arm fulcrum. The fulcrum is
composed of a needle roller bearing which has had the external
surface of the outer race ground back to leave three raised
platforms (Fig.2). When fitted in the housing the outer race is
located on two of the platforms; a load is then applied, by means
of a screw, to the third platform which is just sufficient to
distort the race and induce a slight pre-load on the bearing. In
this way any free radial play is removed from the bearing, thus
eliminating a possible source of inaccuracy when measuring the slip
amplitude in the fretting experiments.
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The fretting pad is mounted on a fretting-head assembly (Fig.2)
which contains a piezo-electric transducer polarised to measure the
tangential fretting-contact force. The fretting-head assembly can
be positioned and clamped to the lever arm (Fig.2), at any required
position over the full gauge length of the fatigue specimen. to
give an extensive range of variations in the fretting
slip-amplitude. The precise magnitude of the slip-amplitude in a
given experiment is monitored by means of a small inductive
transducer which measures the relative displacement between the
specimen and fretting pad adjacent to the contact surface. The
output signals from both the tangential-force and slip-displacement
transducers were used to give continuous monitoring of the fretting
shear-force and slip-amplitude, respectively, throughout each
fretting experiment.

THE FRETTING-FATIGUE EXPERIMENTS

The material wused for the manufacture of the fretting fatigue
specimens was a low-alloy manganese molybdenum stee}l supplied to En
16T(BS 970-1955) specification. the cast analysis was 0.34% (.
0.31% Si: 1.49% Mn: 0.23% Mo; 0.031% S:. 0.007% P. The steel was in
the form of 25.4mm diameter rolled bar hardened by oil quenching at
850°C and tempered at 600°C for two hours. Preliminary experiments
established that the specimen material had a 0 2% proaf stress of
765 MN/m2, and the fatigue limit in the absence ot fretting was

found to be s+ 420MN m2. The fretting fatigue specimen was in the
form of a standard push-pull type of fatigue specimen with a
reduced working section of 4.25mm diameter. Two parallel tangent

planes were fine ground over the gauge length of the fatigue
specimens; one of the flat surfaces was then chosen as the test
surface and polished to a metallographic finish. The spherica:
fretting pads used throughout the present work were machined by a
wire-erosion process from a commercial 50.8mm  diameter 1%
chrome -steel ball bearing of En 31 specification.

The present experiments were designed to investipate the

progressive development of fretting damage and not. as o *he
majority of previous work. rely solely on observations made at the
end of a completed fretting test The procedure consisted of
establishing the total fretting - fatigue life under a particular set
of loading conditions. and then carrying out  experiments  on
separate specimens under identical test conditions but for varying
proportions of the total fretting fatisue ]ife. tor the main

series of experiments reported in this paper the specimens were
subjected to a bulk fatigue stress of s 290MN m° (69% of the normal
fatigue-limit stress) and a normal contact load on the fretting
pads of 46N. Tests were carried out with the fretting pads located
at either the top or bottom of the specimen gauge length which pave
slip amplitudes of either 18 microns or 6 microns. respectively

In the subsequent discussion. the terms hipgh and low slip amplitude
will be adopted to indicate that the siip levels are nominally 18
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and 6u respectively. All the tests described in the present paper
were carrjed out in the normal laboratory environment at rgom
temperature; the test frequency userd throughout the experiments was
69 Hz.

RESULTS

Although only a limited amount of i{nformation was obtained by the
direct SEM examination of the fretting scar surface there were
never-the less several interesting features; damage to the
fretting contact surface was found to be extremely rapid and a well
established wear scar had developed after low-amplitude fretting of
1300 cycies (9). The surface damage continued to increase in
severity. with increasing number of fretting cycles, until the
deterioration in surface finish appeared to stabilise at about
10.000 cycles, beyond this stage a new feature began to develop in
the form of micro-pitting (9) With further increase in fretting
to 35,600 cycles and beyond, the fretting scar began to develop an
extensive smeared layer of oxide debris which concealed microscopic
surface features in direct SEM examinations. Al]l subsequent
examinations of fretting damage were therefore made by longitudinal
microsectioning of the wear scar.

The micro-sections showed that the fretting -scar surfaces
invariably developed very hard white etching layers. the magnitude
and extent of which was found to increase approximately in

proportion to the level of the slip amplitude. Thin-foil TEM
analysis revealed that these white-etching layers were of b.c.c.
ferrite with a cell size of the order of 100 A° (9}. Under low

slip amplitude conditions there was evidence as early as 1000
cyclies of white etching layer formations covering the central area
of the scar. The white-etching layers were found to be in the form
of lens shaped platelets, the largest of which measured less than
2u  thick by 8u lung on the micro section. The tnitial rapid
surface roughening and micro pitting observed in the fretting
experiments appeared to be the result of a proportion of these
white etching platelets breaking up and becoming detached. Many of
the white etching platelets were found to exhibit signs of internal
micro cracking and loss of cohesion with the substrate. with the
micro-cracks often being oriented at a shallow angle to the surface
of the platelets.

With increasing number of cycles the white etching platelets
which were still strongly bonded to the substrate showed a tendency
to merge together to form an almost continuous layer over the
entire central region of the scar. From this point on. which
occurred at around 10,000 cycles. the layer increased in size until
by 90,000 cyclies it had grown to a length of 90u and a thickness of
6u, Fig.3. For the present set of fretting conditions the white
etching layer did not have the opportunity to develop much beyond
this size since converging micro-cracks were invariably nucleated
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at the boundaries of the layer. These cracks, which were inclined
at approximately 20° to the surface. eventually linked up to
dislodge the white-etching layer and produce a large pit on the
surface of the specimen. Measurements of the average fretting- scar
diameter clearly indicated the onset of crack coalescence and
pitting by a sudden increase in the fretting scar size (9).
Micro-hardness tests on residual pieces of white-etching layer on a
specimen which had been subjected to fretting for 100,000 cycles
gave hardness values in the range 946Hv to 1312Hv. At the same
time micro-hardness readings of the substrate material, immediately
adjacent to the white-etching layers. were still equal to that of
the bulk material before fatigue testing: i.e. 283Hv

DISCUSSION

The metallographic observations of the fretting scar indicate that
white etching material forms over the centre of the contact area
where, according to the Hertz theory, the shear traction and
contact pressure are at a maximum. The results also show that
increased slip-amplitude levels promote increases in both the rate
of formation and the total size of the white e¢tching layer At the
high slip-amplitude level the white etching layers were found to
grow to more than 30u thick before becoming so extensively fatigue
cracked (Fig.4) that spalling often occurred resulting in. for a
short interval. a rapid increase in the wear rate, (9) In the
early stages of fretting (typically wup to 10.000 cycles) a
deterioratien in the surface finish of the contact region appeared
to be largely due to the spalling of microscopic platelets of white
etching material, which were typically less than 10u in length by
2u thick.

It appears from the present experimental results that the

mechanism for the nucleation of fretting fatigue c(racks in a
low-alloy steel is strongly influenced by the formation of hard and
brittle white-etching layers on the fretting contact surface The
intermittent formation and spalling of the white etching lavers
(Figs. 3 and 4) not only influences the wear rate. but also leads
directly to the nucleation of fatigue cracks. This general effect
is illustrated by the microsection of a fretting scar in Fig o
where the fatigue-crack nucleus originates at the apex of an
approximately triangular fragment of white etching layer. ths
white-etching fragment is situated in a region where a large
white etching layer has been broken down by the spalling «ffect
(9) The precise mechanism of white etching layer formation and
fatigue-crack nucleation, at a fretting contact. will be considered

in a Jlater paper when a more detailrd SEM and TEM analysis of the
results will be presented
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Figure 4 Optical microsection of white etching layer after
20.000 cycles: high siip amplitude. low bulk fatigue stress

Figure 5 Nucleation of a fretting fatigiue crack at s . te of
fragmented white etching layer after 100.000 (yiles. high Siap

amplitude. low bulk fatigue stress




FATIGUE 87

THE EFFECTS OF THIN ANODIC FILMS ON THE CYCLIC
MICROSTRAIN / MACROSTRAIN BEHAVIOR OF TUNGSTEN

by Keith J. Bowman* and Ronald Gibala=*

The occurrence of film softening or hardening
effects in bcc metals is dependent on the rel-
ative mobilities of edge and screw disloca-
tions at different homologous temperatures. In
this investigation, the difference in the
contributions of edge and screw dislocations
to plastic flow at different strain levels is
used to evaluate the role of thin anodic films
in cyclic deformation of W at 298 K. Large
reversible hardening effects observed at cyc-
lic microstrains and smaller scftening effects
which occur at cyclic macrostrains are de-
scribed in terms of the dominant dislocation
species for the two plastic strain regimes.

INTRODDCTION

Ar. understanding of surfaces and the effects of surface
moiification processes is critical in evaluating mechan-
ical behavior because minute differences in the weight
r volume fraction of a material that is directly mod-
tfled can prrnduce extraordinary changes. The dramatic
i~ening effects of thin oxide films demonstrated by
“ikala and co-workers on the monotonic flow behavior of
i-o7 metals {e. g. Figure 1) (1,2) and the B2 intermet-
4..:2 alloy NiAl (2,3) are examples of large changes in
~ech.anical response from surface modification. At low
nomologous temperatures (TS€0.10Tgq). these materials have
dicplayed reductions in flow stress greater than 50% and
rermarkable increases in ductility through the application
»f thin (50-350nm) thermal or anodic oxide films. It is
now recognized that preferential generation of mobile
=dge dislocations at the film-substrate interface allows
plastic flow at stresses much lower than normally re-
quired for macroscopic deformation by motion of less
mobile screw dislocations at these temperatures. At

*The Department of Materials Science and Engineering
The University of Michigan, Ann Arbor, Michigan 48109
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higher temperatures, (0.103T,<T<0.5T,), the same anodic
films effect an increase in flow stress associated with
inhibited egress of dislocations under conditions in
which the mobilities of edge and screw dislocations are
not greatly different. In the present investigation, the
effects of thin anodic films have been explored in two
distinct regimes of cyclic stress-strain behavior,viz,
cyclic macrostrain and cyclic microstrain. The results
illustrate that a small softening effect occurs in high-
stress cyclic macrostrain and an enormous, remarkably
reversible hardening effect occurs in low-stress cyclic
microstrain for W single crystals tested at room
temperature. The reversible nature of these effects
during film removal/re-application experiments and
assoclated slip behaviors is described in terms of the
current understanding of dislocation dynamics for bcc
metals.

Both hardening and softening effects have been observed
when thin films are applied to pure crystals (4). The
change in flow stress, whether an increase or decrease,
appropriately illustrates the dislocation dynamics gov-
erning mechanical behavior. Most observations of film
hardening occur under circumstances in which macroscopic
deformation is accomplished by cooperative motion of edge
and screw dislocations possessing similar intrinsic mobi-
lities. In bcc metals this corresponds to moderate homcl-
ogous temperatures, e.g. T>0.10Ty, whereas for fcc met-
als, flow is dominated by the combined glissile motion of
edge and screw dislocations to very low temperatures.
Hardening under these circumstances is usually attributed
to hindered egress of dislocations by the surface film,
An example of film hardening is shown in the lower part
»f Figure 1 for Nb single crystals deformed at
C.11Ty (1). Note the higher flow stress in the surface

ancdized, i1.e. modified (M) vis-a-vis unmodified (U) Nb.

Softening effects are observed for different reasons.
For example, an increased mobile dislocation density in
an otherwise dislocation-starved material (e.g. whiskers)
or an increase in the fraction of specific higher mobil-
ity dislocation types can produce a softening effect. As
with any mechanical behavior phenomena, softening effects
must be analyzed in relative terms. In bcc metals, soft-
ening can be observed easily because the flow stress be-
comes very large at low temperatures. Typical film soft-
ening is shown for Nb at 0.03Tp and 0.07T, by compariscn
of the behavior of modified and unmodified single crys-
tals in the upper portion of Figure 1. Since a much
greater force is necessary for screw dislocations to
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achieve mobile core configurations at low temperatures,
screw dislocations are less mobile than edge dislocations
(S). Low-stress motion of the available glissile edge
dislocations prior to macroscopic flow at much higher
stress levels is termed microstrain. Microstrain is very
limited in extent in well annealed crystals. Therefore,
evaluation of microstrain in monotonic deformation usu-
ally requires some prior prestrain (6). Because the
surface film softening effect produces an increased sup-
ply of edge dislocations, it can be considered to in-
crease the extent of microstrain, or at least to increase
the amount of plastic flow at similarly low stress lev-
els. Thus, low-stress monotonic flow behavior of becc
metals is dependent on the amount of plastic strain which
can be accommodated by the more mobile dislocation
species prior to motion of the less mobile dislocation
species at higher stress levels. For moderate temper-
atures where the cooperative motion of edge and screw
dislocations possessing similar mobilities persists to
large strains, relatively low work hardening rates are
observed. For low temperatures where there is a differ-
ence in the mobilities of edge and screw dislocations,
the supply of the more mobile dislocation species, in
this instance edge dislocations, determines the extent of
microstrain~-type flow. The range of temperature, applied
stress and plastic strain for which this low-stress flow
occurs is shown in Figure 1 by the cross-hatched region.

Cyclic deformation provides a unique opportunity to
explore film effects under essentially constant dislo-
cation structure in a way not possible in monotonic ex-
periments. In cyclic deformation, the distinct regimes
dominated by motion of edge dislocations and screw
dislocations, respectively microstrain and macrostrain,
can be sustained to large accumulated strains without
failure of the specimen as occurs in monotonic deform-
ation to large strains. Thus, film effects can be ex-
plored for two very different types of dislocation motion
under the near steady-state conditions of cyclic satur-
ation. Such experiments are described in this paper.

EXPERIMENTAL

W single crystals of a <123> orientation with the same
surface modification which produces substantial softening
effects in monotonic tensile deformation (7) were used in
the present cyclic deformation experiments. For the W
data reported here, the unmodified (U) condition corre-
sponds to zone melted and ultra-high vacuum annealed
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single crystals. The modified (M) condition corresponds
to anodization of the W crystals in 0.01M H2SO4 at a
potential of 40V which produces an ~80nm anodic film.
Film removal was accomplished by dissolution of the anod-
ic film in 0.05M NaOH solution. This solution removes
the visible blue interference color film in less than one
second. To insure that removing the specimen from the
machine did not influence subsequent testing, film remov-
al procedures were repeated in situ during a pause at
zero strain in the tension half of a cycle by squirting
the specimen gage section with the dilute NaOH solution
and immediately afterwards with a tap water rinse. Both
solutions were at room temperature when applied and
caused only small, insignificant zero shifts from changes
in specimen temperature. Similar application of tap water
to the specimen in the unmodified and modified conditions
did not alter the observable film color and produced no
hardening or softening effect. The cyclic deformation
experiments were performed using a controlled plastic
strain amplitude and a fixed total strain rate. Details
of the specimen preparation and experimental procedures
have been given elsewheare (8).

RESULTS AND DISCUSSION

The relationship between modulus-compensated saturation
stress and plastic strain amplitude at various homologous
temperatures and strain rates for several different bcc
metals is shown in Figure 2. The resnlts for unmodified
(U) and modified (M) W are from our current research and
those for other bcc metals are from investigations which
utilized similar specimen orientations with no s face
modification (9-12). For results from investigations on
other bcc metals smooth curves were drawn through data,
with the thickness of the lines corresponding approxi-
mately to errors in extracting data from published fig-
ures. Tensile saturation stresses are shown normalized
to Young's modulus. Cyclic deformation of unmodifiec bcc
metals at low homologous temperatures produces two dis-
vinct regimes of cyclic defermation behavior correspond-
irg to cyclic mscrostrain at high stresses and cyclic
m.crostrain at low stresses (8). At higher homologous
temperatures the difference between the two regimes be-
comes small and the cyclic stress-strain behavior of bcc
metals begins to resemble the behavior shown for fcc met-

als. When normalized by elastic modulus, the cyclic
stress-strain curves for fcc metals for T £ 0.50T will
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generally fall within the thickness of the line so desig-
nated, however a relatively small temperature dependence
of saturation stresses has been reported for Cu (13, 14).
The cyclic stress-strain behavior in Figure 2 and the
monotonic deformation behavior shown in Figure 1 are re-
lated. Multiplication and difficult motion of both pri-
mary and secondary screw dislocations in cyclic macro-
strain leads to the formation of a cell-type dislocation
structure with large accumulations of dislocation loop
debris at large accumulated strains (9). Additionally,
the stress level for cyclic macrostrain is a very strong
function of temperature and strain rate. Monotonic flow
behavior to macrostrains at low homologous temperatures
like that shown for Nb in Figure 1 results in the same
type of dislocation structures and is also very tempera-
ture and strain rate sensitive. Cyclic microstrain is
characterized by relatively little dislocation multipli-
cation and easy back and forth glide of edge disloca-
tions. The extent to which cyclic microstrain persists
increases with increasing temperature and decreasing
strain rate, even though the actual stress level is fair-
ly insensitive to temperature and strain rate. This in-
creased extent of the low-stress microstrain regime with
increasing temperature is a result of an increased con-
tribution from thermally-assisted motion of screw dislo-
cations. Microstrain measurements made in monotonic de-
formation have the same characteristics. Note the simi-
larity between the persistence of low-stress cyclic
microstrain behavior to greater strain levels at higher
homologous temperatures and the increased extent of low
stress flow in monotonic deformation of Nb when the temp-
erature is increased from 0.03Ty, to 0.11Tp. For the con-
ditions in which the experiments on W were conducted, the
difference between the cyclic macrostrain and cyclic
microstrain stress levels is very large, ~600MPa. The two
primary observations of this investigation are a small
film-induced softening effect in cyclic macrostrain and a
very large film-induced hardening effect in cyclic micro-
strain. Because the deformation mechanisms involved are
very different, the effects of thin anodic films on cyc-
lic macrostrain and cyclic microstrain will be described
separately.

cyclic M .
At macroscopic plastic strain amplitudes gy >1x10-3,
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the interaction of surface film softening effects with
cyclic hardening produces a reduction in saturation
stresses of 30-50MPa. This cyclic softening effect occurs
by an edge dislocation pumping effect as for monoton-
ically film-softened Nb in Figure 1. BAlthough in frac-

tional terms this is a small effect, the absolute size of
this effect is very close to the observed macroscopic
softening effect in tensile deformation of W on the first
quarter cycle of the experiment (15). This effect is
easiest to produce in specimens which have been anodized
prior to cyclic deformation, but, as shown in Figure 3,
it is observed as well by applying the anodic film soon
after cyclic saturation is reached. At accumulated
strains, €3cc,well beyond saturation, anodization produces
little or no effect and in situ removal of the film does
not produce observable hardening or softening effects.
Furthermore, from observations on both <123> and <110>
oriented crystals (15) the softening effect occurs
primarily in tension, with little or no effect in
compression. Note in Figure 3 that the compression peak
stresses are nearly identical in the unmodified and
modified conditions. This result corresponds to a
greater monotonic softening effect observed in tensile
deformation than in compressive deformation of anodized W

by Talia (16). It is also consistent with the determin-
ation of tensile anodization growth stresses in W thin
foils by Bowman (17). In cyclic macrostrain, very differ-

ent surface slip behavior is observed at the same €. for
the unmodified and modified conditions (15). At €;=0.00375

surface modification produces coarse, wavy-slip combined
with fairly straight slip bands corresponding to anoma-
lous, low Schmid factor {110} planes. This is contrary to
fairly fine slip observed on {112} planes for the unmodi-
fied material. This substantial difference in surface
slip features in the unmodified and modified conditions
suggests that the thin anodic film has a very strong
effect on deformation behavior near the surface, even
though the change in mechanical response is relatively
small in cyclic macrostrain.

Cyclic Mi .

At microstrain levels, 2.5x107°<g;<1x1074, saturation

stresses are very sensitive to the presence of thin anod-
ic films. At €= 7.5x107° the increase in saturation

stress is greater than 400MPa! The clearest demonstration
of the film hardening effect in cyclic microstrain is
shown in experiments wherein the film is repeatedly ap-
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plied to the surface and later removed by in situ disso-
lution, Figure 4. Application of an 80nm anodic film to a
soft, cyclically microstrained specimen at t»:p,|z7.5x10‘E

resulted in rapid cyclic hardening when cyclic deform-
ation was resumed under the same conditions. The spec-
imen hardened over 300MPa in 125 cycles and had not yet
reached saturation. Upon removal of the anodic film in a
dilute NaOH solution, cyclic softening was immediate. The
rate of softening was nearly equal to the prior hardening
rate and the peak stresses quickly approached the orig-
inal saturation level. Although still substantial, the
rate of softening or hardening diminished as further re-
application/removal iterations were carried out. Nonethe-
less, at €zcc=1, the peak stress still dropped by over

100MPa upon removal of the film. The difference in vis-
ible slip features between unmodified and modified W is
dramatic for specimens cycled to €30c=0.05 at &y =5x10"°

(15). For the unmodified material <111> slip is preva-
lent on both {110} and {112} planes, whereas the presence
of the anodic film almost totally suppresses the occur-
rence of visible slip markings. This observation, coupled
with rapid cyclic hardening upon re-application of the
anodic film, suggests that the hardening effect is assoc-
iated with difficult egress of dislocations at the sur-
face in the modified condition.

With the exception of the magnitude, the cyclic film
hardening effect in microstrain at low homologous temper-
atures parallels the monotonic film hardening observed in
becc metals at moderate homologous temperatures during
macroscopic flow. In both instances, a low stress level
is maintained by the fairly easy motion of available mo-
bile dislocations. In cyclic microstrain at low homolo-
gous temperatures there is a steady-state supply of high
mobility edge dislocations and in monotonic deformation
to macrostrain levels at moderate homologous temperatures
both edge and screw dislocations are mobile. For both
types of deformation an effective reduction in the supply
of mobile dislocations produces hardening. An argument
complimentary to that expressed earlier for film soft-
ening is that film hardening is likely to occur mainly in
materials that are intrinsically soft. Any disruption of
dislocation motion or dislocation multiplication and ex-
haustion processes in a material that already has an
abundant supply of mobile dislocations will produce a
hardening effect as observed at cyclic microstrain at low
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temperatures and in monotonic macrostrain at higher temp-
eratures in bcc metals. On the other hand, it is diffi-
cult to make a very hard material even harder. Providing
an increased supply of more mobile edge dislocations by
the presence of anodic films at macrostrains and low
homologous temperatures is expected to produce a
softening effect.
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Figure 1: The effects of a thin oxide film on the monotonic flow
behavior of Nb single crystals. See reference (1) for details.
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SURFACE DEFORMATION AND FATIGUE CRACK INITIATION OF = -I1RON
SINGLE CRYSTALS

C. S. Kim, Y. W. Chung and M. E. Fine®

The cyclic deformation and fatigue crack initiation
properties of o-iron fatigued under plastic strain
control were investigated as a function of orienta-
tion. Single slip, double slip and localized defor-
mation in the form of macroscopic deformation bands
brought about by plastic instability were observed.
Cracks were found to initiate at slip lines anywhere
from 100 to 20,000 cycles depending on crystal
orientation at a plastic strain amplitude of

5 x 1074,

INTRODUCT ION

Much work has been done on the monotonic deformation properties of
a-iron (1-7) and of BCC materials in general (8-10). More re-
cently, the cyclic plastic deformation behavior of g-iron has been
studied more extensively (11-13). It was not clear from the lit-
erature how the cyclic deformation behavior of n-iron varies as
the crystal orientation was changed. The point of this research
was to fatigue single crystals of various orientations at a con-
stant plastic strain amplitude and at a constant total strain rate
and note any significant changes in the crack initiation behavior
as well as any significant changes in the surface deformation.

EXPERIMENTAL PROCEDURES

Single crystals of y-iron were grown by the strain anneal tech-
nique (14) from vacuum melted iron obtained from the Inland Steel
Research Laboratories. Two vacuum melted lots were used, WMI-1
and VMI-2., VMI-1 contained .005 wt.% C, .03 wt.% Mn, .005 wt.% P,

* Department of Materials Science and Engineering and Materials
Research Center, Northwestern University, Evanston, IL.
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002 wt.% S, .O13 wt.% Si, .002 wt.% N, - .008 wt.% Al and 119 ppm
of 0, VMI-2 contained .003 wt.% C, .0l wt.% Mn, - .003 wt.,” P,
002 wt.% S, - .003 wt.% Si, .002 wt.% N, - .008 wt.Z Al and

~ 1500 ppm of 0. Crystals 1 and 3 were grown from VMI-2 and all
the other crystals were grown from VMI-1. The single crystals
were grown in an environment of 95% argon and 5% hydrogen, in a
furnace with an imposed steep temperature gradient. The iron spe-
cimens were slowly moved through the temperature gradient at a
rate of 0.25 cm/hr or less. The set-up is described elsewhere
(15).

Crystal orientations were determined by the Laue back reflec-
tion technique and specimens were rotated to the tensile direc-
tions given in Figure 1. The specimens, cut out by electrical
discharge machining, were flat and dogbone shaped with gage sec-
tions of 7.6 mm X 2.0 mm x 5.1 mm. Each specimen was chemically
polished in a solution of 33% hydrogen peroxide and 67% phosphoric
acid until approximately 50 ym from all surfaces and a sharp Laue
pattern was obtained. The specimens were then mechanically pol-
ished to 0.05 ym Al,0.. This was done to avoid any pitting caused
by chemically polishing.

The specimens were axially loaded and fatigued under plastic
strain control using a conventional servohydraulic controlled
fatigue set-up. The fatigue wave form used was triangular with R
equal to minus one. A constant plastic strain amplitude of
5.0 x 107* and a constant plastic strain rate of 5.0 x 10°* per
sec were used throughout these experiments.

Fatigue crack initiation was studied with the replica tech-
nique. At specific intervals, plastic replicas were taken of the
specimen surface to be observed at a later date. These replicas
were shadowed with Au-Pd and subsequently examined in an SEM for
deformation markings and crack formation,

SURFACE DEFORMATION

Figure 1 is a standard stereographic triangle containing the
tensile directions of all the single crystals investigated.
Table 1 summarizes the surface deformation behavior of each of the
crystals. In general, deformation occurred in two forms. One
being slip band formation, sometimes wavy and sometimes straight,
and the other being a macroscopic plastic instability resulting in
localized deformation in the form of plastic deformation bands
(or surface undulations).

The "harder" the crystal orientation for the plastic strain
amplitude investigated, the more likely the crystal formed these
macroscopic plastic deformation bands. This can be seen in the
last four orientations listed in Table 1. The first entry and
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TABLE 1 - Summary Table of the Surface Deformation
Behavior and the Number of Cvcles to Crack
Initiation

Crystal Macroscapic | Tenale Yield | “Setration” | Number of Cycies
SipTracePlanes| poioretn | SUess | Swess |toCrack iitiation
Number Barde PR (MPa) N,
g trom $0.0
1 (o) (v No 37.2 >20,000
-50.0
aS bsS
(T12) (1
2 a. f'G b. S No 56.4 825 3000
(ti22q1y -870
a S b PG
(Tonyaty
a. PG b. PG 685
3 (TT2) 10 No 6456 -60.0 100
a8 b.s
(121071
8.5b.S 84.0
738 100
4 Ty One -84.0
a. S b PG
I m» ‘8
a. PG b. PG .
O 75.1 1500
5 (o)1 ne -78.0
a. PG p. PG
6° trom N 89.5
(231 (1T -85.0 1000
e a S b.PG Many 775
Q
5° from 820
7 (112) (TP Many 89.9 -80.0 1000
a. S b PG
]
note: a. tront face of specimen b. side face of specimen

S~ Straight

PG- Pencit glide
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last two entries exhibited straight single slip traces on the
front face of the specimen. For crystal 1, the slip traces on the
side surface were also very straight whereas the side faces of
crystal 6 and 7 exhibited pencil glide. The macroscopic slip
traces may actually be made up of slip occurring on some combina-
tion of BCC slip planes (f101}, {112} and {123)) on a microscopic
level with the overall apparent slip "plane" falling on a non-slip
plane. The Laue patterns of all the specimens tested were checked
at the end of cyclic fatiguing, and only crystals 6 and 7 were too
blurred (due to excessive deformatiun) to check for crystal rota-
tion. All the other crystals had either sharp Laue patterns or
Laue patterns with slight asterism where rotation was found to be
insignificant. The blurriness of crystals 6 and 7 is further evi-
dence for multiple slip having occurred.

Figure 2 contains 8 photomicrographs illustrating the surface
deformation behavior of ~-iron single crystals. The stress direc-
tions are indicated by arrows. Figure 2a is a photomicrograph of
the surface of crystal 1 after 20,000 cycles. It illustrates the
parallel slip plane traces formed on this crystal. A replica
taken of the surface after 20,000 cycles is illustrated in Figure
2b. Slip lines can be seen, but no cracks could be found anywhere
on the replicas taken from the surface of this crystal even after
20,000 cycles. Figure 2c¢ illustrates double slip. This was taken
of the surface of crystal 2 after 20,000 cycles of fatiguing. One
set of slip traces are seen to be wavy in appearance and the other
set appears to be quite straight. Figure 2d is a side surface
view of crystal 2. The wavy slip traces from the front face be-
come very straight slip lines on the side face. The single set of
slip lines of crystal 7 are illustrated in Figure Ze. The side
face of crystal 7 exhibited pencil glide as can be seen in Figure
2f. An example of localized deformation in the form of macro-
scopic deformation bands is illustrated in Figure 2g. Notice that
the macroscopic deformation bands are approximately 1 mm in width
and run at an angle of ~ 75 degrees to the slip line traces. An
example of fatigue crack initiation detection is illustrated in
Figure 2h. Crack initiation was noted to take place at 100 cvcles
for this crystal (No. 3). Notice the small crack observed to have
initiated at the slip line. The cracks are less than 1 um in
length and a fraction of a micron in depth., Figure 2i is a micro-
graph illustrating pencil glide on the surface of crystal 3,

FATIGUE CRACK INITIATION

Fatigue cracks for the orientations examined initiated at slip
lines only. No cracks were found to initiate in the valleys of
the macroscopic deformation bands.

The crystals investigated exhibited crack initiation at any-
where from 100 to greater than 20,000 fatigue cycles. Table 1
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summarizes the data on the number of cycles to crack initiation.
The "'softest" crystal, i.e., the one with the lowest vield stress,
smallest saturation stress and the least amount of surface defor-
mation, did not exhibit crack initiation for the total number of
cycles investigated, i.e., Ny > 20,000 cycles. It should be noted
that the slip traces were straight on both faces of this crystal,
This was the only crystal that exhibited this type of slip trace.
Crystals 3 and 4 were of intermediate yield strength, had more
than one slip trace and little or no macroscopic deformation bands.
They exhibited crack nucleation at an early number of cycles

(Nj - 100). The last two crystals (6 and 7) with the highest
vield strength values, the highest saturation stress, one slip
trace (with pencil glide on the edge face) and a large amount of
macroscopic surface deformation took a little longer to initiate
cracks than the intermediate crystals (Ny = 1000). Since a large
part of the plastic strain was accommodated by plastic instability
the crack initiation at the slip lines might be expected to start
at a larger number of cycles.

Figure 3 is a plot of the number of cycles to crack initi-
ation, N;j, versus the tensile yield strength. The yield strength
was obtained from the first hysteresis loop from the intersection
of the tensile elastic line with the plastic deformation curve.
The plot can be broken down into two regions, higher and lower
stress. At the lower stress level only slip lines were found to
occur and as the tensile stress decreased the number of cycles to
crack initiation increased, as would be expected. In the higher
tensile stress region, surface deformation was found in the form
of slip lines and macroscopic deformation bands. As the amount of
strain taken up by the large deformation bands increases and less
strain is accommodated by the slip lines, the number of cycles to
crack initiation at slip lines increases but the effect seems to
saturate.

In Figure 4 the tensile yield stress is plotted versus the
degrees of the tensile axis away from the [001] pole on the stan-
dard stereographic projection towards the [011) pole. The posi-
tion of the tensile axis was determined by projecting the tensile
axis onto the [0017-F0117 line through a great circle passing
throurh the slip direction (determined by measuring the slip
traces on two surfaces of the crystal and using standard stereo-
graphic procedures for determining the slip system). A peak in
the tensile yield stress is seen to occur at 25-30 degrees from
the (001 pole. This data correlates with the theoretical curves
developed by Opinsky and Smoluchowski (16). A peak in t.ae curve,
according to Opinsky and Smoluchowski, would correspond to slip
occurring mostly on f112} and/or {1231 type planes as was found to
occur in the present data.
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CONCLUSIONS

1. There was a surprisingly large variation in the number of
cycles to fatigue crack initiation depending on orientation At
the constant plastic strain amplitude of 5 x lo7* . varied from
100 to more taan 20,000 cycles. The variation corretated with
the plastic deformation markings.

2. The yield stress varied with orientation being maximum when

the tensile axis projected on the F001"-F01l71 side of the stere-
ographic triangle is approximately 30° from 70017.
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a) Surface of crystal 1 after b) Replica of crystal 1 surface
20,000 cycles after 20,000 cycles. No cracks
are noted

c) Surface of crystal 2 after d) Corner view of crystal 2

20,000 cycles after 20,000 cycles. Pencil
glide slip lines on front face
appear straight on edge face

' } '
\ ..\l 4
e) Surface of crystal 7 after f) Side face of crystal 7

10,000 cycles after 20,000 cycles. Notice
the pencil glide

Figure 2 SEM photomicrographs of single crystal surfaces and
surface replicas
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g) Surface of crystal 7 after
10,000 cycles. Note large
microscopic deformation bands

h) Replica of crystal 3 after
100 cycles. Slip band cracks
are seen

1) Surface of crystal 3.
Pencil glide in (101) plane
is seen

Figure 2 SEM photomicrographs of single crystal surfaces and
surface replicas
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[001] [011]

Figure 1 Standard stereographic
projection showing the tensile axes
directions of the crystals studied
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10 20 30 40
[001] (O]

Tensile Yield Stress (MPa)

Degrees from [001]

Figure 4 Tensile yield stress versus orien-
tation of the projection of the tensile axis
onto the 001]-{011]
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THE EFFECT OF ION BEAM MIXED NI-AL SURFACE LAYERS ON
PSB EXTRUSION MORPHOLOGY IN FATIGUED NICKEL

D. S. Grummon* and J. W. Jones**

Experiments have been performed to study
the effect of ion beam mixed Ni-Al surface
layers on mechanical behavior and surface
damage accumulation associated with crack
initiation during fatigue of nickel. Su-
persaturated solid solutions of Al in Ni
and Ni3Al structures were produced, in
layers less than 100 nm thick, by ballistic
mixing of vacuum-evaporated films. Such
surface alloying altered the number,
distribution, and morphology of persistent
slip band extrusions. The results are
discussed in terms of stresses imposed on
the surface film in response to plastic
strain localization in the bulk.

INTRODUCTION

Several recent studies have reported on the effects of
surface modification by ion implantation on metal
fatigue (1,2). In many cases, ion implanted specimens
have shown increases in fatigue life accompanied by a
decrease in the number of slip band features present at
the surface. Since surface initiation of fatigue
cracks is closely linked to details of the three-
dimensional structure of slip band extrusions, it

is important to understand the effect of surface
modifications on such morphological features. Few
reports exist, however, which describe the

detailed local structure of surface slip features
found on ion beam modified materials. The present
work is part of an interdiciplinary effort to

study both the kinetics and thermodynamics of ion

beam mixing in the Ni-Al system, and the influence

of such surface modification on cyclic deformation
phenomena associated with

* Department of Metallurgy, Mechanics and Materials
Science, Michigan State University.

*% Department of Materials Science and Engineering,
The University of Michigan.
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fatigue crack initiation. 1In this paper, measurements
of changes in mechanical behavior are reported, and a
descriptior. is presented of the distribution and
detailed local morphology of persistent slip band
structures observed during fatigue of nickel with ion
beam modified surfaces. Additional results, pertaining
to process kinetics and the thermodynamics of phase
stability during ion beam mixing of Al and Ni, have
been published elsewhere (3).

EXPERIMENTAL METHODS

Fatigue specimens were machined from nickel alloy 270
into 4 inch long cylindrical bars. The specimens were
mechanically polished and then annealed in dry argon-3%
hydrogen for 3 h. at 1073 K. The resultant average
grain diameter was approximately 0.4 mm. Annealed
specimens were electropolished in a cold solution of
perchloric acid and ethanol. (Further details may be
found in reference 4.)

Surface modification by ion beam mixing was
accomplished in two steps. First, alternate layers of
nickel and aluminum were deposited by vacuum
evaporation. Two average compositions were obtained by
varying the thickness of the layers. In one, an
average composition of 16 at.% Al was produced by
depositing alternating 15.6 nm Ni layers and 6.7 nm Al
layers. A second composition of 23 at.% Al was
achieved with 15.6 nm Ni layers and 11.5 nm Al layers.
In each case, five layers were deposited, with nickel
as the outermost layer, as shown schematically in Fig.
1. After deposition of these films by vacuum
evaporation, the specimens werﬁ'irradiated with 0.5 MeVv
krypton ions to a dose of 1x10 6 ions/cm2. The 23 at.%
composition specimens were subsequently given an
annealing treatment for 1 h. at 723 K. to precipitate
the gamma-prime (NijAl) phase.

Surface layer characterization was carried out
using Rutherford backscattering spectroscopy and
electron diffraction analysis. The 16% Al surface
modification was confirmed to have produced a
supersaturated solution of Al in Ni, and the annealed
23% composition produced gamma-prime precipitates in a
dual-phase structure. The depth of the surface
modifications was approximately 70 to 100 nm. (Further
details are contained in reference 5.)
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Specimens were fatigued at constant plastic strain
ranges of .0003. Surface observation was carried out
periodically throughout the tests using scanning
electron microscopy and Nomarski phase contrast optical
microscopy.

RESULTS
Mechanical Behavior

Figure 2 shows cyclic hardening curves for .0003
plastic strain range tests of plain and ion beam
modified nickel. A slight increase in saturation
stress is noted for the surface modified material, but
the initial hardening rate is slightly lowered. The
hardening curves were generally observed to cross at
accumulated strains of approximately 3 to 4. The
behavior of supersaturated solid solution specimens and
gamma-prime specimens was identical.

Development of Surface Damage Structures

Observation of unmodified specimens fatigqued at
.0003 plastic strain range revealed the presence of
distinct slip band features at accumulated strains as
low as 0.6 . At this accumulated strain no evidence of
surface slip bands could be detected by phase constrast
microscopy in ion beam mixed specimens. Slip band
features in ion beam modified nickel were not detected
until accumulated strains of 3 to 4 had been reached.
At approximately 4.0 accumulated strain, well developed
PSB structures were common in unmodified material,
wheres only sporadic and much less intense slip band
features were found in ion beam modified specimens.
Differences in PSB frequency at the surface persisted
up to cyclic saturation. It is interesting to note
that the first emergence of PSBs at the surface of
surface modified nickel corresponds with the point at
which the cyclic hardening curves for modified and
unmodified material cross.

The effect of the ion beam modified surface layer
in suppressing the extrusion of PSBs at the surface is
illustrated by observations made at the boundary
between modified and unmodified regions in the gage
section of an individual specimen. Figure 3 shows such
a region on the surface of a 16% Al surface modified
specimen staurated at .0003 plastic strain range. The
upper half of the scanning electron micrograph has not
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been surface modified, and shows widespread and intense
surface slip band activity. It is also apparent that a
fatigue crack has nucleated in this region. The lower
portion, which has been ion beam modified, displays a
marked reduction in the number and intensity of slip
band features, and shows several grains in which PSBs
have not appeared at all. Such behavior was typical of
ion beam modified specimens: no crack nuclei were ever
observed in the ion beam modified portions of a
specimen at saturation. (Additional statistical
treatment of this behavior can be found in reference

(5).]
PSB_Extrusion Morphologies

The scanning electron micrograph in Figure 4 shows
a persistent slip band structure which typifies those
found at the surface of unmodified nickel fatigued to
saturation at .0003 plastic strain range. PSB
extrusions such as this one were nearly always found to
intersect grain boundaries, and often propagated across
them. This morphology is the "classic" PSB structure
which has been extensively observed in fatigued copper.
It consists of multiple notch-peak features and a net
extrusion of material above the surface plane.

In contrast to this morphology, the structure of
typical PSB features at the surface of ion beam
modified specimens are illustrated in Figures 5 and 6.
The most ubiquitous feature on modified specimens was
the "microband" feature shown in Fig. 5. The slip band
is very narrow, and has apparently extruded material in
the form of chips, or filaments, from the bulk. These
chip-like extrusions were very fragile, and could be
destroyed even by routine cleaning procedures. The
slip band in Fig. 6, herein referred to as a PSB
"double-microband", was less frequently observed, but
still fairly common. This type of feature consisted of
two parallel microbands spaced about a micron apart.
Generally, the double microband features produced
pronounced net extrusions of material above the
surface. Neither single microbands nor double
microbands were generally observed to intersect grain
boundaries.

Extensive observation of surfaces modified with
the 16 at.% Al modification (superstaurated solid
solution) and the 23% Al modification (heat treated to
precipitate the gamma-prime phase) showed little
difference in the local morphology of slip band
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extrusions at saturation. Occasionally, however, the
gamma-prime modified surface layers were found to have
delaminated and spalled away from the substrate.

DISCUSSION

Surface alloying pure nickel with aluminum by ion beam
mixing radically alters the physical and mechanical
metallurgy of the near surface region. Although
‘changes in stacking fault enerqgy, alteration of
dislocation image forces, and changes in lattice
parameter will occur, these effects are likely to be
secondary in relation to two principal consequences of
the ion beam mixing of aluminum in nickel. First, the
shear modulus will be lowered by approximately 15% in
the case of the supersaturated solid solution
modification (6). Secondly, and more important, the
yield strength of the surface layer is greatly
increased over that of the bulk. While there is no
precise way to determine the exact yield strength of
surface layers as thin as those produced in this study,
considering the potency of aluminum as a solid solution
strengthener in nickel, the additional hardening
produced by ion beam induced lattice defects, and the
fine grain size in the surface layer, the yield
strength there is likely to be guite high.

Lowering the elastic modulus and increasing the
yield strength of the surface layer will lower the
stress in the surface layer for a given value of total
strain, and increase the total strain needed to
plastically deform the surface layer (7). It is
therefore likely that, in the present case of an
initially soft substrate, plastic deformation in the
surface layer is delayed or entirely suppressed, even
at the total strains associated with cyclic saturation.
This means, that for much of the test, the surface
deforms elastically, whereas the bulk undergoes plastic
deformation which is resolved onto favored slip planes.
The displacement tensors are thus different in the bulk
than in the surface layer: surface strain is elastic
and thus axial, while bulk strain is plastic and thus
consists of a shearing deformation. This situation is
shown schematically in Figure 7. For the material to
deform compatibly, some accomodation must
occur near the interface between surface layer and
bulk, requiring the motion of secondary dislocations,
and effectively extending the influence of the surface
layer to some additional depth.
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At accumulated strains near saturation,
slip bands eventually penetrate the surface layer in
substantial numbers (at least at plastic strain ranges
above .0003). This is not surprising if it is assumed
that plastic strain inhomogeneities develop in the
bulk of surface modified nickel in the same manner
as they do in unmodified nickel. Even if the
surface layer deforms elastically, once bhulk
plastic strain becomes localized into persistent
slip bands, strain in the surface layer above PSBs
is substantially increased over the nominal value
associated with the applied strain. Referring to
Figure 8, which shows a PSB of width B,
intersecting the surface at an angle &, and
undergoing an average localized shear vy , and
assuming that the surface undergoes both shear and
dilational displacements to maintain compatibility
at the interface we have for the displacements w
and u in the z-direction and the x-direction
respectively:

v = Byxsin® . u = Byxsing
Bsin~le+yBcoso ' Bsin~lo+yBsine
(1)
But for © = 7/4 and for small values of Y , we have
du _dw . du_du_dw _ g,
dx dx ) dy dz dz
(2)

Since the stress in the z-direction must go to zero at
the surface, we have:

_E —— ~vE
{(I+v) 2 = (1+0(1-v) leg + ex)

(3)

Therefore, the strain and stress state in the surface
layer may be given to a first approximation as:

(4)
Y o y/2 ° Gy/2
€i3 =] o o o |.
Y/2 o -vy YE °
v {1+v){1-v)
Gy/2 0 o)

Since the plastic strain associated with PSBs is
on the order of 1% (8), it is clear from the above
analysis that, in the absence of plastic deformation in
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the surface layer, stresses would quickly reach the
order of 2 Gpa. Thus, past the point where plastic
strain in the bulk localizes into persistent slip
bands, the surface layer is subjected to large strains
and, in effect, undergoes strain controlled low cycle
fatique at a strain amplitude on the order of .01. It
is therefore not surprising that the surface layer
eventually ruptures, producing the "microband" features
which are observed at the surface.

The production of "double microband" features is
believed to result from the link-up of individually
nucleated single microbands which form in different
locations of the grain, but are associated with a
common underlying persistent slip band. The frequency
with which the double microband features (i.e., Fig. 8)
are observed, and the fact that their widths match that
expected of PSBs (about one micrometer) suggests that
rupture of the surface layer is favored at the edges of
the underlying PSB.

CONCLUSTIONS

It has been found that the presence of an ion beam
mixed Ni-Al surface layer increases the saturation
stress in plastic strain controlled fatigue at .0003
plastic strain amplitude, and decreases the initial
cyclic harding rate. Surface modification delays the
emergence of slip band features from 0.6 accumulated
strain (in the case of unmodified material) to
accumulated strains of 3.0 to 4.0. The degree of
macroscopic damage accumulation is reduced both in
terms of frequency and intensity of slip band
extrusions present in cyclically saturated specimens.
In ion beam modified nickel, the classic PSB surface
morphology was replaced by surface slip band features
consisting mainly of "microband" features with widths
much less than 1 micrometer, or "double microband"
features with spacings similar to the width of classic
PSBs.

A number of important physical characteristics of
the near surface region (such as stacking fault energy,
etc.) are altered by ion beam modifications. However,
the observed delay in penetration of PSBs at the
surface, their decreased numbers at saturation, and the
resultant slip band morphologies, can be rationalized
by a relatively simple model which considers only the
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increased yield strength and lowered elastic modulus of
the surface film. Surface film rupture eventually
occurs where bulk strain inhomogenity in the form of
PSBs imposes large localized stresses in the surface
layer. The frequent occurrence of paired microbands
suggests that rupture is favored at the edges of
underlying persistent slip bands.

Acknowledgements: This research was supported at
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SYMBOLS USED
Width of persistent slip band.

[v+]
1

angle of incidence of persistent slip band.

@
fl

u, v, w = displacements in x, y, and z directions.

shear strain in persistent slip band
€13 ,9i3 = strain and stress tensors, respectively.
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THE EVOLUTION OF LOCAL MECHANICAL PROPERTIES OF Al 2219-T851
DURING FATIGUE

W.L. Morris*, M ,R James* and BN, Cox*

Local strain amplitudes were measured in individual
grains of an Al 2219-T851 alloy during fatigue.

The alloy has a 360 MPa bulk cyclic yield strength,
but its surface is microplastic at cyclic stresses
greater than 70 MPa. With fatigue at + 275 MPa, an
upper flow stress of - 200 MPa develops in grains
much larger than the mean size. Large residual
stresses caused by constraint of the localized
deformation severely 1imit the total strain at
these softened sites. The use of a load reduction
sequence to minimize these residual stresses during
strain measurements, so as to obtain more accurate
values for the local flow stresses, is discussed.

INTRODUCTION

Large local residual stresses are always present during inho-
mogeneous deformation (1,2). In fatigue-softened alloys, loca-
lized deformation is modified by residual stresses resuiting from
constraint of flow by the harder surroundings (3,4). Even on a
smooth surface, deformation inhomogeneity at the grain level
ensures the presence of these residuals, and hence a substantial
difference between the local and externally applied stresses. A
simple analysis has shown (3) that the residual stress in indi-
vidual grains can easily be so large that portions of a grain can
be in compression while the external stress is tensile. This
complicates a simple determination of the local flow stress of
individual grains in alloys.

In two recent papers (3,4), we used models of the deformation
of a soft ellipsoid in an elastic matrix to calculate the flow
stress and strain hardening characteristics of surface grains in
Al 2219-T851. The models account for the local residual stress,
allowing for the interpretation of strains measured in individual

*Rockwell International Science Center, 1049 Camino Dos Rios,
Thousand Oaks, CA 91360
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grains as a function of external stress. We find that fatigue of
Al 2219-T851 at stresses below its bulk cyclic yield strength
causes a reduction in the local 0.2% offset yield strength of the
interiors of the grains, with preference for the largest surface
grains. Grains 3-8 times larger than the 60 um mean are the most
affected and are also the eventual sites of crack initiation.
Ultimately, the yield strength of these grains falls to half the
bulk cyclic value, and well below the applied cyclic stress
amplitude. However, the local strain amplitude typically remains
less than 1073 in these softened grains because the deformation is
constrained by the nearly elastic surface.

These results seem in conflict with ample evidence that many
alloys locally harden (5,6). Even in Al 2219-T851, Knoop indenta-
tion shows that fatigue hardens the interiors of individual
grains, with the change being greatest in the largest grains (Fig.
1). Previous local strain measurements in this alloy have shown
that, in large grains, the width of the local strain-external
stress hysteresis loop at zero stress reaches a peak with fatigue
and then decreases in amplitude, again suggestive of hardening

(7).

In this paper, we demonstrate that the small local flow
stresses deduced from strains measured within individual grains
are not an artifact of our deformation analysis. While strain
hardening parameters and deformation depth cannot be accurately
obtained without a rigorous theoretical analysis, the local flow
behavior can be found directly. A load reduction sequence i5 used
to minimize the local residual stress, causing the external and
local stresses to be nearly equal. This technique is used to
characterize the evolution with fatigue of flow stresses and
strain hardening at low plastic strain amplitudes in a 300 um
grain in Al 2219-T351. The apparent conflict between indentation
and local strain measurements is not completely resolved, but the
new local stress-strain data provide some clues to possible
answers to this problem. We believe that the 10% strains encoun-
tered during indentation (8) can make this method a misleading
probe of the highly constrained yielding which occurs in isolated
softened grains, in which the maximum plastic strains are only
1073 during typical fatigue experiments.

EXPERIMENTAL TECHNIQUES

The 360 MPa yield strength A1 2219-T851 had a 60 um average grain
size in the rolling plane measured at 45° to the rolling direc-
tion. The grains were pancake shaped, being nominally 20 um
deep. Tapered flexural specimens (9) of the alloy were carefully
machined and polished to minimize initial residual surface
stresses and then chemically etched to reveal the grain boun-
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daries. Fatigue was in bending at nominally * 275 MPa in dry
nitrogen. The local strains reported were measured using a
reference gauge placed within the center of grains and at least

25 um from the nearest boundary by a micromanipulator, and with
the aid of a loading jig in a scanning electron microscope (SEM),
as described in Ref. 10. The reference gauge is a thin mica flake
used as a convenient ruler and attached to the substrate electro-
statically so that the surface can deform freely beneath it. It
acts as a stable length, needed to compensate for the + 5 x 1073
magnification instability of our SEM. Distortion and parallax
errors from the ruler are smallest at zero load, where we made
most of our measurements. For fully reversed loading, the width
of the local strain-external stress hysteresis loop at zero load
was found by comparing a micrograph taken after completing the
compressive cycle to one taken after the next tensile cycle. The
information needed to deduce flow stress, strain hardening and
constitutive relationships was obtained by changing the loading
sequence prior to the loop width measurement (4). We used a
stereoscopic analysis of the micrographs to maximize the sensitiv-
ity of measurements of the surface displacements relative to the
ruler. Since the displacements of nearly identical high contrast
objects in each pair of micrographs were found, the accuracy was
much better than the point-to-point resolution of the SEM. The
displacement of any high contrast profile can easily be determined
to a small fraction of the profile width. It is the image repro-
ducibility which actually matters., The quality of our SEM images
has been progressively improving over the past few years and we
can now achieve about t 151 in-plane displacement sensitivity.

RESULTS

To determine how the flow stress of a grain's interior progres-
sively changes during fatigue, we interrupted the constant
amplitude cycling at intervals, and determined the local flow
stress by measuring strains within the grain for a series of
reduced cyclic loads. The local mechanical properties in

A1 2219-T851 change slowly, so thi's measurement activity has no
significant effect on the property evolution. The cyclic stress
was dropped to a value o and six cycles were applied to allow the
local stress-strain hysteresis to reach equilibrium (4). Then the
residual strain at zero external load was measured over a tensile
loading cycle. The strain found at each ¢ is the width, W, Of an
external stress-local strain hysteresis loop at zero external
load. ”o will always be smaller than the zero load width of a
local stress-local strain loop because of local residual stress.
As the measurement stress o is decreased, W, at equilibrium
becomes progressively smaller. At the same time, the maximum
local residual stress within the grain decreases because the
maximum local plastic strain amplitude has decreased. For a
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sufficiently small plastic strain amplitude, the difference
between the external and local stresses at equilibrium will be
small, and an accurate determination of the local flow stress can
be made from W, vs o. An upper bound on the local residual stress
magnitude is g?ven by the product of the local plastic strain and
the alloy modulus (3). For aluminum, the modulus is nearly inde-
pendent of grain orientation, and the maximum plastic strain is
rarely 5 times larger than W,; so for Wo's smaller than § « 1075,
the difference between external and local stress should be less
than 20 MPa after equilibrium is reached. Only resolved shear
stress variability due to grain orientation should remain.

High sensitivity measurements of W, made early in fatigue show
the surface is microplastic at stresses greater than 70 MPa (Fig.
2). In fact, the stress dependence of Wy for a very large
(300 ym) and a smaller (120 um) grain are essentially identical.
We would expect to see more scatter in such results from resolved
shear stress with more measurements but, clearly, the deformation
in the essentially unfatigued alloy is short ranged in that it
does not sense the grain boundaries.

With continued fatigue, a dramatic change in loop width occurs
in just the largest grains. Figure 3 compares the behavior of a
300 um grain after 100 and 250 cycles. Within the + 1.5 « 1075
measurement sensitivity, there is little change in the lower flow
stress (cl, at W, = 1 « 107%) with fatigue. But, characteristic
of large grains in the alloy is the appearance of an upper flow
stress, Oy in this case seen clearly after 250 cycles. Below o
the grain has apparently strain hardened with fatigue (i.e.,
dwo/do has decreased); above o,,, the grain has strain softened.
We have shown the results in Fig. 3 on a logarithmic scale to
clarify the data at small strains. When these and similar data at
other fatigue increments are plotted linearly, trends in o, and o
with fatique are more accurately defined (Fig. 4a), and in&irect
information on the strain hardening behavior can alsc be obtained
(Fig. 4b) by treating the strain as linear with o above and below
o, - A theoretical analysis of loop widths for such two-stage
ylelding is presented in Ref. 4.

Y]

We see from Fig. 4a that the local flow stresses are nearly
constant in a 300 um grain with perhaps a small fatigue induced
decrease in o,. The important changes with fatigue are in
dwo/do. The quantity dW,/do is shown for the stationary yield
surface approximation in Ref. 4 to be equal to 2(l-a)/{2E, + abg)s
where a has a value less than 1 and is a proportionality between
the local residual stress and the plastic strain determined by
deformation depth, grain shape, and Poisson's ratio. E. and E
are plastic and elastic moduli. An increase in dNo/do ﬂeans tﬁat
either E_ or a has decreased. Typical values for s will be
between Y and 0.6, with very shallow deformation raising a. A
full interpretation of the dwo/dc results in Fig. 4b requires
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additional W, vs load sequence data so that a and Ep can be
independently determined (see Ref. 4). However, if the depth of
deformation within the grain is reasonably constant, the results
mean that between 100 and 500 cycles £, has increased below o, and
has decreased above o,, i.e., the graiR has strain hardened below
o, and strain softeneg above o,. A more complete analysis, to be
described later, suggests that the fall in dW,/ds at 800 cycles
and above o, is a consequence of a reduction in the depth of the
deformation within the grain. The results shown at 500 cycles are
for a different 300 um grain, so considerably more data are needed
to completely sort out the fatigue-induced evolution of local
strain hardening and deformation depth.

DISCUSSION

It is simplistic to think of the fatigue-induced changes in local
surface deformation of Al 2219 as reflecting traditional hardening
or softening. The changes are complex and partially hidden by the
large residual stresses developed by constraint of the local
deformation. Analysis in Ref. 4 shows that by 500 cycles o, is
Jjust below the conventional (0.2% offset strain) yield strength.
The loop width measured at maximum cyclic stress is small because
the deformation is constrained. Mughrabi's (11) concept of
treating the flow of such a material as that of a composite of
matrix and penetrating channels or slipbands seems relevant

here. But unlike the case of Cu, it appears to us that the upper
rather than the lower flow stress more 1ikely corresponds to long-
range dislocation motion. The argument for this is indirect.
First, o, develops after fatigue. While PSB's are not optically
visible in A1 2219-T851, banded slip has been found by high
resolution strain field analysis in large grains after fatigue
(3), suggestive of a connection to oy Second, before there is
substantial fatique damage, the flow above o, is independent of
grain size and, therefore, probably short range and in the

matrix.

No substantial change in the flow characteristics of small
grains has been found after 10% cycles at + 275 MPa, while in
300 um grains changes both above and below o, are apparent after a
few hundred cycles. So, if there is strain Hardening below g, in
the matrix, it must have accompanied the formation of the long-
range dislocation structure which deforms above oys and cannot
instead be the cause of the long-range structure. Otherwise,
matrix strain hardening would take place over the entire surface
early in the lifetime.

How might an indentation test perceive a composite grain in

which the matrix had strain hardened, and in which banded sl1ip had
developed for which flow above oy Up to strains of perhaps 1073
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was nearly perfectly plastic? Clearly, on the basis of a lower
0.2% offset yield strength, fatigue has softened the larger
grains, but there are several ways that indentation might sense
hardening. The strains at the tip of a pyramidal indenter are
relatively insensitive to indentation depth and are nearly 107!
(8). Any mechanism which exposes the matrix to indentation and
suppresses the contribution of flow from the bands will sense
fatigque hardening. Possibilities for this include a saturation of
the strain in the bands at the much higher strain of indentation,
or the destruction of the long-range slip mode by the indenta-
tion. Naturally, we do not believe that softening is being
universally misinterpreted as hardening. We have recently found
unequivocal local cyclic hardening of an A1-4% Cu alloy with the
same local strain measurement techniques. Our results simply call
for care in the analysis of local mechanical properties.

We have known since the work reported in Refs. 3 and 4 that
deformation in large (300 um) grains in Al 2219-T851 eventually
becomes nearly perfectly plastic during fatigue (i.e., E = 0).
While it has been clear that reaching this state invo]vea a dra-
matic drop in the local yield strength, it was not clear if the
evolution of the local mechanical properties entailed a decrease
in oy, @ decrease in E_, or changes in both these quantities. It
now appears likely that, while both may be changing, the most
important effect is on Ep.

SUMMARY

Strains measured in individual grains of Al 2219-T851 show a
progressive evolution of the Tocal mechanical properties. The
entire surface is microplastic at fully reversed stresses greater
than + 70 MPa. Early in fatigue, the deformation strains are
independent of grain size, suggesting that the flow resides in a
matrix subject to short-range constraints. With continued
fatigue, an upper flow stress o, becomes visible at - 200 MPa in
grains substantially larger than the mean size. Below oys the
material apparently strain hardens, above oy it strain softens.
The possibility that the development of ay coincides with the
penetration of the matrix by slip bands iS suggested.
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CYCLIC DEFORMATION QOF AN EXTRUDED AlMgSi ALLOY

KRetill Pedetsen'

Specimens in under-. peak- and over aged conditions
of an extruded commercial AlMgSi alloy have been
cycled under constant plastic strain amplitudes. In
the under aged condition cyclic hardening to a
saturation stress was observed. The cyclic
hardening was due to formation of a high density of
dislocation 1loops. In the peak aged condition a
saturation stress was obtained after a short period
of hardening. Persistent slip bands (PSB) were not
observed on the polished specimen surfaces. If the
material 1s recrystallized and aged to peak hard-
ness, cyclic softening occurs and persistent sl}g
bands are formed. A density of 1-10
dispersoids/mm” did not prevent formation of per-
sistent slip bands.

INTRODUCTION

Investigations of «cyclic stress-strain response and change in
microstructure during cyclic deformation are useful for wunder-
standing the mechanisms of fatique failure.

Precipitation hardened aluminium alloys have a cyclic stress
strain response %hat depends on the heat treatment. Alloys in the
over aged conditions which contain precipitates impenetrable by
dislocations, are cyclically stable. Cyclic saturation 1s
obtained after a short period of hardening (1).

Alloys containing shearable particles, under- to peak aged
conditions, show cyclic hardening to a peak stress followed by
cyclic softening (2-5). Also in other metals with shearable preci-
pitates, e.g. Cu-2at%Co, a saturation stress 1is obtained after
extensive softening (4). Softening is due to an instability
process leading to formation of persistent slip bands, (PSB). Two
models for softening have been put forth: 1) The hardening preci-
pitates are repeatedly cut by dislocations, and cause reversion of
the precipitates when the size of the precipitates reach a lower

' SINTEF, Division of Metallurgy, N-7034 Trondheim-NTH, Norway.
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critical radius. 2) To and fro dislocation motion scrambles the
atoms in the precipitates and the ordering component of hardening
disappear.

The effect of grain structure on cyclic stress strain response
has received less attention (6,7). The aims of this paper is to
1) show the influence of a subgrain structure, obtained by
extrusion, on the cyclic stress strain response, 2) compare the
cyclic response of this structure with that of a recrystallized
structure and 3) show the effect of dispersoids.

EXPERIMENTAL TECHNIQUES

Table 1 shows the chemical composition of the alloy (main alloying
elements) in weight \. Other elements are only present as trace
elements, except Ti and B which are used for grain refinement.
1 - iti in Weight %
Mg Si Mn Cr Fe al
0.64 0.72 0.48 O0.15 0.29 bal.

The alloy was DC cast, homogenized 2.5 hours at SBOBC, and ex-
truded to rods with a diameter of 250 mm. The material was then
stored at room temperature for 3 months. An increase in hardness
from 50 VHN to 80 VHN was observed during the first week. Further
storing made only small increase in hardness. From the extruded
rods cylindrical fatigue test specimens were machined with a gauge
length of 25 mm and a diameter of 6 mm. For surface observations
and thin foil preparation a flat area on the gauge length was
ground. The specimens were artificially aged at 175 C in a silicon
oil bath for different aging time to produce specimens in peak and
different under- and over aged conditions. After the heat treat-
ment the specimens were mechanically polished and finally electro
polished in a solution of 5% percloric acid in methanol at -20°C
to produce a scratch free and deformation free surface before
fatigue testing.

The fatigue tests were run in laboratory air on a MTS closed
loop hydraulic testing machine of 100 KN capacity under total
strain control. A MTS elasticity compensator was used for deter-
mining and keeping the plastic strain constant during each test.
Strain amplitudes were measured using a clip on extensometer with
a gauge length of 25 mm.

A JEOL 840 scanning electron microscope equipped with a back
scattered electron detector was used for detailed investigations
of the specimen surface. The internal microstructures were
observed in a JEOL 200KV transmission electron microscope.
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Microstructure

The grain structure of the material is fibrous with the longi-
tudinal direction parallel to the load axis. Each grain consists
of almost equiaxed subgrains of about 2-5 um in diameter. The
material has a strong <100> and (111)-texture.

The presence of Cr and Mn resulted in fine incoherent dispe;a
soids of a sizg of about 0.1 ym. The density is about 1-10
dispersoids/mm” . Also coarse, > 1 um, iron rich particles are
formed.

Aging at 175°C to maximum hardness resulted in a high density
of 8''-Mg_S1 precipitates. Near the grain boundaries and the sub-
grain boundaries precipitation free zones of about 0.1 pm width
are formed. By over aging the precipitates coarsen and lose
coherency.

Cyclic stress strain response

The cyclic stress strain responses of the alloy in under-,
peak- and over aged conditions when cycled at a plastic strain of
3-10° is presented in Fig. 1. The maximum stress is plotted
versus the number of cycles to crack initiation. An asymmetrical
drop 1in the tensile and compression peak stresses was used as an
indication of crack initiation.

In the under aged condition the cyclic stress strain responses
show hardening until a saturation stress of about 290 MPa 1is
reached. This lasts until crack is initiated. By increasing the
aging time the initial stress increases and the number of cycles
to peak stress 1s decreased. But the saturation stress seems to be
independent of aging time until peak hardness.

In the peak aged condition Fig. 1 initial cyclic hardening
during the first 500 cycles is followed by saturation at a level
of 295 MPa. No softening or hardening is observed during further
cyclic deformation. The increase in stress during the first 500
cycles is not more than 5 MPa.

In the over aged condition 1nitial softening is observed
before a saturation stress is obtained. The more the alloy is cver
aged, the more the saturation stress is reduced.

In Fig. 3 the stress strain responses for under-, peak- and
over aged specimens cycled at different plastic strains are
presented. Cyclic, deformation under constant plastic strain
control below 1-10"" was not possible to obtain with the available
equipment. The same behaviour as described above was observed for
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all the specimens in the strain range 1-10 ‘<ep<16-10™". Varying
the strain did not affect the main shape of the cyclic stress
strain response. The stress levels are, however, increased by
increasing the plastic strain.

Deformatjon structyre

The deformation microstructures after cyclic deforming the
specimens at a plastic strain of 3-10° to crack initiation, is
shown 1in Fig. 2. In under aged condition a high density of homo-
geneously distributed dislocation loops are seen in the matrix.
Zones which are about 0.1 uym wide, and almost free from dis-
locations, are found near the grain boundaries. Only dislocations
normal to the grain boundary are seen in these zones

In the peak aged condition few dislocations were observed in
the grain interior. Only in some of the largest subgrains could
dislocation loops be seen. Instead the deformation was localized
to the precipitation free zones adjacent to the grain boundaries.
The grain boundaries in undeformed specimens were straight, with
precipitation free zones on both sides. After cyclic deforming the
material some of the grain boundaries got a wavy appearance as
shown in Fig. 2. Dislocations crossing the PFZ can be seen.

In the overaged condition the dislocations were difficult to
observe due to interfering contrast from the precipitates. Single
dislocations, however, were observed close to and in the precipi-
tation free zones and dislocations normal to the grain boundaries
were also seen in the over aged condition.

After cycling to crack initiation, the specimen surfaces had
cracks in the subgrain boundaries for all three aging conditions,
as seen 1in Fig. 4, which is from a specimen in the maximum hard-
ness condition. No PSBs were observed in these specimens either by
light or scanning electron microscope investigation of the sur-
faces, or by transmission electron microscope investigation of the
interior of the specimens.

Recrys ized 1 ucture

The addition of dispersoids to age hardened AlMgSi alloys is
reported to improve their low cycle fatigue properties (9). The
dispersoids homogenize the slip distribution and thereby reduce
the tendency for cyclic softening. Another beneficial effect of
dispersoids 1is preventing grain growth. Reduced grain size is re-
ported to increase the number of cycles to crack initiation (5,6).

To determine whether the high density of dispersoids was the
reason for cyclic hardening to saturation in peak aged condition,
the material was deformed 5% by cold rolling and recrystallized at
550°C. The grain size obtained was 50 um in the transverse
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direction and 100 um in the longitudinal direction. Apart from the
change of the grain structure the density of dispersoids and the
density of precipitates were the same as in the fibrous material.

The cyclic stress strain responses of recrystallized and
fibrous grain structures may be compared in Fig. 4. In the under
aged conditions specimens with recrystallized grain structure show
hardening which may be followed by softening. In peak aged
conditions a short hardening period is followed by extensive
softening. In over aged conditions only softening is observed. The
amount of softening is reduced by further over aging. By
investigating the surfaces of the fatigued specimens under and
peak aged specimens show persistent slip bands.

SCUSSION

Usually the cyclic stress strain response of age hardened alloys
is initial hardening followed by softening and saturation. This
kind of cyclic stress strain response has been observed in single
crystals and polycrystalline material with recrystallized grain
structures. The softening 1is due to formation of coarse slip
bands. In these bands the hardening effect due to precipitates 1is
destroyed.

In the extruded alloy where small subgrains of about 2 - 5 um
in diameter are present, no softening was observed. Light, SEM and
TEM investigations of the under-, peak- and over aged conditions
did not reveal any PSBs after cycling which could result 1in
softening.

In the under aged condition there is a small difference in
hardness between areas near the subgrain boundaries and the grain
interior. Cyclic deformation of this structure results in
formation of dislocation loops and an increase in strength is
observed during cycling. Near the grain boundaries, almost dis-
location free zones are found, possibly due to vacancy diffusion
to the grain boundaries causing the dislocation loops to shrink
and disappear. Since the grain interior is hardened during cyclic
deformation, an 1increase in strength will be created between the
dislocation free zone and the grain interior. The strain will then
be localized to the weaker zone near the grain boundaries (10) and
cracks will be initiated in the grain boundaries as 1is also
observed.

In maximum hardness condition, a large difference in strength
between the grain interior and the PFZ already exist. Localization
of strain to the PFZ will therefore occur almost immediately and a
constant cyclic stress strain response is obtained. Localization
of strain into PSB in the matrix is prevented by the existence of
small subgrains, see Fig. 4.
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In the over aged condition the high density of semicoherent or
incoherent needle-like Mg _Si precipitates makes it difficult to
observe the dislocation®contrast. Dislocations are only observed
in the PFZ and our assumption is that deformation is still con-
centrated to the PFZ.

It may be argued that the high density of Mn and Cr disper-
soids is the reason for homogeneous slip distribution in matrix
and a stable cyclic stress strain response. This investigation,
where the cyclic stress strain responses are compared for
specimens which apart from the grain structure are identical, show
that this 1s not the case. In recrystallized material cyclic
softening occurs in under- and peak aged condition and SEM micro-
graph Fig. 4 shows that persistent slip bands have been formed on
the surface at these stress levels.

Since in peak aged condition, cyclic softening occurs and
persistent slip bands are formed in the recrystallized material
containing shearable precipitates dispersoids did not prevent
formation of PSB. Even though dispersoids may homogenize slip to
some extent as reported (9), their main effect is to prevent grain
growth and thereby improve the fatigue initiation properties. A
small grain size has been reported earlier (5,6) to increase the
resistance against crack initiation.

CONCLUSION

A commercially extruded AlMgSi alloy containing subgrains of about
2 - 5 ym 1n diameter did not show cyclic softening in under and
peak aged conditions. A cyclic saturation stage was reached after
a period of hardening.

Cracks were initiated in or near the grain boundaries due +to
localization of plastic strain in weak zones adjacent to the grain
boundaries.

The reason why peak and over aged material showed a constant
cyclic stress-strain response, is the existence of small subgrains
which prevent the formation of persistent slip bands before
fracture starts in PFZ.

In recrystallized material of the same alloy, extensive cyclic
softening was observed after a short period of hardening in peak
conditions. Persistent §&ip bands were formed. A density of Mn and
Cr dispersoids of 1-10 dispersoids/mm” did not prevent the
formation of persistent slip bands.
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Fig. 2. TEM micrograph of _chlic deformed specimens to crack
initiation ep = 3.10 ° a) under aged-, b) peak aged- and
c) over aged condition.
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THE ORIENTATIONS OF DIPOLAR WALLS PRODUCED BY CYCLIC DEFORMATION

J. . Dickson.. S.Turenne.'. L. Handfield' and G. L'Esperance'

Dipolar walls produced by cyclic detormation consist
largely of dipole loops and can be modelled as a
geometrical network of stacked loops. formed by
edge-trapping and/or jog-dragging mechanisms and
swept together by edge dislocations. Such a model
helps to understand the orientations and certain
other aspects of dipolar walls in t.c.c.. b.c.c. and
h.c.p. metals.

INTRODUCT ION

The dislocation structures which form during cyclic detormation
are known to influence the cyclic stress (e.g., Mughrabi (1)) and.
tor the initiation of microcracks within persistent slip bands.
also to influence the crack initiation behaviour on poiished spe-
cimens of single-phase metals (e.g., Polak et al (2)). For wavy
stip metals cyclied at low strain amplitudes, the dislocation
structures produced are largely dipolar and contain large numbers
of dipole loops A recent geometrical and mechanistic model
(Dickson et al (3.4)) for the formation of dipolar walls consist-
ing of dipole loops has been shown to explain well the avaitable
experimental evidence concerning the orientations and certain
other aspects of dislocation structures produced by the cyclic
deformation of f.c.c. metals. The objectives of the present paper
are, ftirstly, to review this model and the aspects of disiocation
structure which it allows to explain in f.c.c. metals and., sec-
ondly. to show that this modet also helps to explain similar dipo-
lar dislocation structures produced in b.c.c. and h.c.p. metats.

* Departement de genie metallurgique. Ecole Polytechnique, FP.0.
6079. Sta. "A". Montreal., Québec. Canada., H3C 3A7.

** Present address: IGM-CNRC. Boucherville. Que.. Canada. J4B 6Y4.
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In this model. edge-type dipole ltoops which form from edge-
trapping and jog-dragging mechanisms are assumed to be swept to
sites where they become stacked in regular arrays. This sweeping
is performed by edge dislocations parallel to the long loop seg-
ments and of the same Burgers vector as the loops. Only the slip
plane of the long segments is considered and. for simplicity. will
be referred to as the slip plane of the loops. The idealized
three-dimensional stacking network considered as representing the
loop stacking aspects of the dipolar wall is schematized in Figure
1, tor dipole loops of two orientations, i.e., of either one or
two Burgers vectors and of two slip planes for long loop segments.
Wall orientations are predicted from the stacking directions of
the idealized network. One of these directions is ncrmal to the
plane containing both edge dislocation orientations of long loop
segments. The other two effective stacking directions. indicated
a and b in Figure 1, bisect the acute and obtuse angles between
long loop segments. Restricted stacking in one direction results
in a wall containing the other two directions: limited stacking in
two directions results in a loop patch extended parallel to the
third direction. Since the loops are swept into the walls by edge
dislocations on the same slip system as the long loop segments.
this mechanism aiways tends to extend the network in the a-direc-
tion. The probability of formation of a given wall 1s also influ-
enced by the angle(s) at which the loops are swept into the wallis.
as measured by the complement of the angle between the Burgers
vector of a loop and the normal to the wall. High dislocation
sweeping angles favour tight loop stacking and limited stacking in
that direction: low dislocation sweeping angles distavour the for-
mation of that wall orientation.

ERVAT | AND DI l

F.c.c. Metals. This mode! of walls consisting of dipole loops of
two Burgers vectors has been shown to explain well the orienta-
tions of labyrinth walls in f.c.c. metals ((3.4), L Esperance et
al (5)). Such labyrinth walls have been found to occur 1n the

case of a pair of mutually perpendicular Burgers vectors. with the
exac! wall orientations obtained depending on the relative number
ot dipole loops of each Burgers vector. A dominant slip system
tavours the occurrence of the wall containing both orientations of
long loop segments. which wall can better accommodate excess loops
of the dominant system as well as individual edge dislocations of

both systems. This model of walls involving two Burgers vectors
also permits to explain (3.4) the available experimental evidence
in t.c.c. metals for the wall orientations which form at the
intersection sites of persistent slip bands (PSB's) as well as

that for rotations in wall orientations away from perpendicular to
the primary Burgers vector which occur as a secondary slip system
becomes activated. The orientations of the veins in the matrix
structure of single crystais oriented for duplex slip have also
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been shown to be well explained (4) by this model .

For single crystals oriented for single slip. the orientations
of the veins appear consistent (4), trom single 1trace analysis,
with those of walls consisting of dipole loops of the primary
Burgers vector and of one of the more probable secondary Burgers

vectors. This has now been mare convincingly demonstrated (Hong
Bande et al (6)) in polycrystalline copper containing a mixture of
matrix structure and of PSB's (Figure 2). The presence of the
latter permitted identifying the primary slip system. Disloca-

tions ot two secondary Burgers vectors were identified in the mat-
rix structure, and four vein orientations were identified from
detailed observations employing four different beam directions.
All four vein orientations identitied corresponded to walls pre-
dicted for the primary slip system combined with a secondary slip
system involving one of the other Burgers vectors identitied.
With this explanation of the vein structure in regions in which
one slip system domi.:ates, the elongated aspect (Basinski et al
(7)) ot such veins approximately paralle! to the primary edge dis-
focations can be explained (Dickson et al (8)) by extended stack-
ing ol loops occurring preferentially in the mechanistically fav-
oured a-direction of Figure 1, with the wall shape developing as
extended stacking in a second direction occurs with increased cyc-
ling.

in the case of dislocation activity of only one Burgers vec-
tor. either on a single slip system or combined with cross slip.
the consideration of the relevant dipole toop stacking network and
of the dislocation sweeping angles results in the only wall orien-
tation expected being that perpendicular to the Burgers vector
(4). Thus the transition from veins to ladder-like persistent stip
bands (PSB's) is associated with a decrease in the amount ot sec-
ondary slip activity and with a disappearance within the PSB's of
dipole toops of the secondary Burgers vector. As the strain
ampiitude or the number of cycles is then further increased, a
secondary slip system can become reactivated resulting in walls
rotating away from the orientation perpendicutar to the primary
Burgers vector .

In the case of <100> or <111> multislip axis single crystals.
a dominant wall has been observed (Jin and Winter (9): Lepisto et
al (10)) to form normal or voughly normal to the stress axis. In
each case. this wall orientation can be explained (3.4) as a com-
posite wall made up of segments whose orientations are predicted
by considering the expected slip systems taken in the appropriate
pair combtnations.

Assuming that a constant dislocation sweeping distance dg.
equal to the width of the channels between {110} wallis within
PSB's. can be applied to the other dipolar wall orientations iden-
tified ftor f.c.c. metals. the widths of the channels between these
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other walls should depend on the dislocation sweeping angle ¢
Dickson et al (11)). according to

Wg = dg sin ¢ (1)

The presently available experimental evidence indicates that the
values of Wg actually observed (Figure 3) are equal or lower than
those predicted by equation 1. This can be explained firstly,
since all these other wall orientations are associated with some
degree of duplex or multiple slip, which effect can be expected to
decrease dg on any particular slip plane. As well, in the uncon-
densed walls. the loose stacking of the dipole loops in the walls
can be expected to decrease dg as the wall thickness increases.

B.c.c. metals. The orientation of walls which can be predicted
from the consideration of a network of dipole loops of the type
schematized in Figure 1 will depend on the individual slip systems
considered. For {110} <111> slip, the types of wall orientations,
which can be geometrically predicted. are summarized in Table 1.
Since the <121> edge dislocation orientations, perpendicular to
both the slip plane normai and the Burgers vector. determine these
wall orientations, the walls predicted for {110} <111> slip in
b.c.c. metals have exactly the same indices as those predicted for
{111} <110> stip in f.c.c. metals, it the slip planes indices in
each crystalline structure correspond to the slip direction
indices for the other.

In a study carried out on a renitrogenized mild steel, some
dipolar dislocation structures similar to these described for
f.c.c. metals were studied. These included ladder-tike walis hav-
ing {111} orientations within {110} PSB's, with the waiis perpen-
dicular to the dominant Burgers vectors (Figure 4) and, in
regions closer to grain boundaries, misoriented cells forming
within such PSB's. Two regions of labyrinth-like walls were also
studied in detail. one of which is shown in Figure 5. In both
cases, these walls formed in a region in which dislocations of two
Burgers vectors were identified. For the region shown in Figure
5. the Burgers vectors identified were a/2 [T11] and a/2 {117}
and the walls for the different beam directions employed agreed
well with (131) and (701) orientations, which are the two wall
orientations expected for (071) [111] and (170} [117] duplex
slip.

The second region of labyrinth walls studied showed similar
good agreement with predicted wall orientations for the identified
pair of Burgers vectors. with the best agreement being again for a
{311} - {071} combination of walls but with reasonable agreement
also found for a {100} - {072} combination. predicted for the
same Burgers vectors but for two different {110} slip planes. As
will be shown elsewhere (Turenne et al (12)). the dipole loop
stacking model of dislocation walls also allows to explain a num-

116




FATIGUE 87

TABLE 1 - Summary of Geometrically Predicted Wall

Orientations for B.C.C.

and H.C.P. Metals

First Stip Second Slip

Wall Orientations

System System A B c
B.C.C. Metals; {110}<111> Slip

Perpendicular Stip Planes

(101)[111] (101)[T11] (0271) (100) (012)

Common Stip Plane

(011)[111) (0711)[111] (100) (011) (011)

60" Between Slip Planes

(toty[111] (OT1){T11] (312) (130) (315)

(110){111] (101)[111] (233) (011) (311)

Cross Slip

(101)[111] (011)[111] (110) (112) (111)

Single Slip

(o) [(111] ceeeeeeee (121) (101) (111)

H.C.P. Metals

Duplex Basal Slip

(0002)[1120]  (0002)[1210] (2110) (0110) (0002)

Single Basal Slip

(0002)[1120]  ---cvemmm--- (1100) (1120) {0002)

Duplex Prismatic Slip

(1100)[1120]  (1010)[1210] | (0002) (2110) (0170)

Single Prismatic Slip

(1700)[1120]  -------mon-- (0002) (1120) (1100)
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ber of literature observations on b.c.c. metals.

H.c.p. metals. Table 1 also lists wall orientations predicted for
duplex and single slip on basal or {1070} prismatic planes in
h.c.p. metals. For duplex basal slip, the {1070} type wall
predicted should be favoured because of its higher dislocation
sweeping angles (60°) than those for the other wall orientatlions
(30° tor the {2770} wall and 0° for the (0002) wail). For
duplex prismatic slip. both orientations of long foop segments are
parallel to the c-axis, which is then the mechanistically pre-
ferred stacking direction. The other two probable stacking direc-
tions in the network of dipole loops can be considered to be those
which result in symmetrical dislocation sweeping angles for both
types of dipole loops. The {1070} type wall thus predicted is
expected to be the most favoured orientation since it invoives the
highest dislocation sweeping angles (60 ). while the angle associ -
ated with the other two geometrically possibie wail orientations
are 30" and 0°. In the case of single stip. again only walls per-
pendicular to the active Burgers vector are expected.

Observations were carried out on cyclically deformed commer -
cial-purity (CP) titanium (1200 ppm (wt) oxygen) and zirconium
{900 ppm 0) and on high-purity (HP) zirconium (100 ppm 0). In the
CP metals, it was shown (8) that, ftor low strain amplitudes. the
dipoie loop patches were strongly elongated parallel to the c-di-
rection. This corresponds to the mechanistically favoured stack-
ing direction in the case of duplex {1070} slip. Since extended
stacking in this direction is favoured by parallel dislocations on
the same or neighbouring slip planes sweeping dipole loops into
the walls, stacking in this direction could also be more favoured
than that normal to the slip plane in the case of single prismatic
slip., even though loop stacking in both directions is associated
with the same 0  dislocation sweeping angle. In observations car-
ried out in the basal plane. the toop patches observed in CP Ti
and Zr tend to be parallel to the traces of the {1010} and
{1210} (Figure 6). The former orientation is that expected to be
tavoured for loop patches consisting of dipole loops of two Burg-
ers vectors and the latter that expected to be favoured for
patches ot loops of a single Burgers vector.

In HP Zr cycled at low amplitudes. the dipolar walls viewed
perpendicularly to the c-axis can be seen to consist of lines of
loosely stacked dipole loops. elongated perpendicularly to the
c-axis, with these lines then loosely stacked in the c-direction
(Figure 7). Evidence for similar but less conspicuous gaps in the
stacking in the c-direction can also be found in CP Ti (Figure 8)
and Zr, both of which also tend to present a few lines of stacked
dipole loops, normal to the c-axis. Such observations can be
interpreted as showing the sequence in which the loop patches
form. The first step in loop patch formation consists ot the
dipole loops being swept together by edge dislocations gliding on
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individual slip planes. This sweeping occurs in the direction
paratlel to the Burgers vectors. In Zr and Ti, the edge disloca-
tions are relatively short because of the fimited mobility of the
screw dislocations (Dickson et al (13,14)) and thus the dipole
loops swept together by edge disiocations activated from the same
sources can be seen as stacked lines of dipole loops normal to the
c-axis. The lines produced by edge-disiocations doing the sweep-
ing on the same and neighbouring slip planes then tend to line up
above each other to extend the wall in the mechanistically fav-
oured c-direction. Quite similar dipolar walls presenting evident
gaps have been observed for magnesium deformed by basal slip
(Kwadjo and Brown (15)). Such observations can be considered as
strongly indicating that the dipolar walls form as a result of a
dipole loop sweeping mechanism and that the first stage in wall
tormation is the sweeping together of dipole loops on individual
slip planes.

CONCLUS | ONS

From the present study, it can be concluded that modelling dipolar
walis produced by cyclic deformation, as regular stacking arran-
gements of dipole loops, helps to understand the orientations and
certain other aspects of the dipolar walls observed in f.c.c.,
b.c.c. and h.c.p. metals.
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CLOSURE BEHAVIOR UNDER CONSTANT EFFECTIVE
STRESS INTENSITY LOADING CONDITIONS

C.D. Carmanl, and B.M. Hillberry2

Crack closure was measured over a wide range of
stress intensity levels and stress ratios for 7475-
T6 aluminum alloy. These results were used to
generate a block loading program that would
produce a constant AK,s which was then shown
experimentally to produce a constant fatigue
crack growth rate,

INTRODUCTION

Fatigue crack closure is an important concept in understanding
fatigue crack growth behavior. It has been used to correlate
such effects as stress ratio, delay due to variable amplitude
loading and threshold behavior. Elber(1) first observed that a
fatigue crack remained closed over the initial part of the
loading cycle and postulated that crack growth only occurs
during the portion of the load cycle when the crack is open. In
terms of stress intensities, the driving force to propagate the
crack is the effective stress intensity, AK.4, which is the range
from the crack opening load to the maximum load. Although
there has been considerable research on crack closure, it is still
difficult to measure (eg. Ref. 2).

1 Engineer, General Dynamics Corporation, Ft. Worth Division, Ft.
Worth, TX.

2 Professor, School of Mechanical Engincering, Purdue University, W.
Lafayette, IN.
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Stress Ratio Effects

Crack closure has been used effectively to correlate fatigue
crack growth rate at different stress ratios [I, 3-6]. These
investigations are generally accomplished by running tests
under constant loading conditions while closure is measured at
specified intervals during the test. The effective stress intensity
range is then fit to a linear function of the stress ratio, R:

AKeﬂ'

Ak - TR)
where f(R) is linear. Several specimens are tested in order to
have da/dN versus AK data for different R ratios. The da/dN
data are usually found to correlate very well when plotted
versus AKg.

Thickness Effects

It has been observed that the crack growth rate is lower in
specimens under plane strain conditions (7). However, Daiuto
and Hillberry (8) and others (9-10) have concluded that plane
strain conditions in thicker specimens result in faster FCG
rates than plane stress conditions in thinner specimens.
Assuming that if cracks do grow faster under plane strain
conditions, then it is expected that a thick specimen would
show less closure than a thin specimen because of different
degrees of plasticity.

Objective

The objective of this study was to measurc fatigue crack
closure for a wide range of stress intensities and stress ratios,
determine the R dependency, f(R), and then using this f(R),
define a new loading pattern with a wide range of R and AK
that would predict constant growth rate. Finally, this new
loading pattern would be verified experimentally to produce
constant growth rate.
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MATERIALS AND METHODS

The material tested was from a single heat of 7475-T731
aluminum alloy. The mechanical properties of the material are
listed in Table 1. The specimens were 158 x 558 mm center
cracked tension panels (MT specimen). Two different
thicknesses, 2.03 mm and 6.30 mm, were tested. The crack was
initiated from a 0.25 x 5 mm electrical discharge machined slot
which was centered, perpendicular to the applied load.

The tests were conducted using an 89 KN (20 KIP)
electrohydraulic fatigue machine operating in load control. A
microcomputer was used for function generation, data
acquisition, and control. Crack length was measured with a
traversing 100X stereo microscope. The cycle count was
normally recorded at 0.2 mm intervals. Specimens were
precracked 7.6 mm in accordance with ASTM E647 test
method. Tests were performed in room air conditions at 20-
22°C. Humidity measurements from wet and dry bulb
temperatures indicated that the relative humidity in the
laboratory ranged 38-42 percent during the testing period. The
fatigue crack was grown at the rate of 12 to 18 Hz (depending
on the expected FCG rate) and the load-displacement closure
data were recorded at 0.5 Hz. A seven point floating
polynomial method was used to differentiate the a vs. N data.

phase one of the test program was designed to determine
the closure behavior for various R ratios and load levels.
Initially, the specimen was loaded in constant K,,, conditions
and the R ratio was incremented in discrete steps of 0.05 by
reducing K_;,,.. The phase one loading conditions for the two
different thicknesses are shown in Figures 1 and 2. Load-
displacement closure data were recorded for each R ratio.
After the crack length of 22.86 mm, constant AK conditions
were applied with the R ratio incremented in discrete steps of
0.05. Again, load-displacement closure data were recorded at
each R ratio.

The load profile for phase two of the program was
generated to give constant AK.; conditions with different stress
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ratios K.,,,and K,,,, which were determined from

Ky ‘
max T (1-R)I(R) (2)
l\’llllll = RK"\QK (:;)

where f(R) was determined from the closure measurements of
the phase one test program. The R ratio was also incremented
in steps of 0.05 with increasing K,,, and K., to avoid the
influence of delay behavior.

Crack Closure Measurement

Crack closure was measured using an Elber type erack tip
opening displacement gage (CTOD). The gage was positioned
one-half of the specimen thickness behind the erack tip. The
load-CTOD data were digitally recorded. The opening load,
P,,, was determined as the tangent point between the curved
portion and the linear portion of the data using a computer
routine to fit the data to a model. This method provided an
automated procedure for determining P, and is deseribed in
detail by Carman, et al [L1].

RESULTS

The material closure response was determined by plotting the
ratio of AK,s/AK = f(R) versus the stress ratio, R. Iigures 3
and 4 show the resulting data from the phase one tests for both
the thin and thick specimiens respectively. The numbers in
these plots are the data points corresponding to the loading
condition as labeled in Figures 1 and 2. The dashed line
represents the least squares it to the numbered data points.
For the 2.03 mm specimens,

f(R) = 0.55 + 0.59R.
For the 6.30 mm specimens,

f(R) = 0.70 + 0.42°R.
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The thin specimens started in mixed mode and quickly went
into the plane stress condition. The thick specimens started in
plane strain and eventually moved into mixed mode conditions.

Figures 5 and 6 shows the resulting FCGR from the phase
two loading conditions which were predicted to approximate
constant AK4 conditions and, therefore, constant da/dN. Each
of these plots is nearly a horizontal line indicating
approximately constant growth rate.

The variation in crack closure results shown in Iigures 3
and 4 is considered to be due to the fact that each of the
applied load steps as shown in Figures 1 and 2 were only
approximately one plastic zone in length. Even with the
variation in the crack closure results, nearly constant growth
rate as predicted was observed. This suggests that the R
dependency might be a secondary effect or that the growth rate
is not highly sensitive to crack closure levels.

CONCLUSIONS

Experimentally determined crack closure as a function of stress
ratio accurately predicted constant growth rate for a wide
range of stress ratio and loading conditions. This was verified
for two different thicknesses, however, the R dependency was
different for the two thicknesses.
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THE INFLUENCE OF THE TOPOGRAPHY OF FRACTURE SURFACES ON CRACK CLOSURE

K. Hamberg*, J. Wasén®, and B. Karlsson'

Roughness induced crack closure of propagating
fatigue cracks originates from a complicated inter-
action between the gecometry of the fracture surface
at the crack tip and the local microstructure. The
fracture surface roughness increases approximately
linearly with the size of the microstructural unit
for ferritic and pearlitic steels. Mixed structures
of ferrite/pearlite or ferrite/martensite in coarse
grained steels generally have a larger surface
roughness than the individual consituents. Such an
effect is not found in fine grained steels. Gener-
ally, the crack closure (K_;) increases with the
fﬁagturc surface roughness %ﬁ) proportionally to

H

INTRODUCTION

Since Elber's discovery of the crack closure phenomenon (Elber
(1}), evidence has been found for a number of closure mechanisms
(Suresh and Ritchiec (2)). These mechanisms have been used to
rationalize the influence of the microstructure on the near
threshold fatigue crack growth rate. Mainly two of these mecha-
nisms, oxide induced closure and surface roughness induced clo-
sure, have been discussed in some detail. The roughness induced
closure seems to be most relevant since it is related to the frac-
ture surface topography which in turn depends on the underlying
microstructure (Hamberg and Karlsson (3), Wasén ot al. (4)). The
basis of this mechanism is found in the way the crack tip inter-
acts with the local microstructure. Deviations from mode 1 fre-
quently occur due to the local microstructure (3,4). Consequently
local shear displacements take place at the crack tip and cause
crack closure (2).

* AB Volvo, Technological Development, Laboratory for Metallic
Matcrials, $S-405 08 Goteborg, Sweden.

+ Department of Enginecering Metals, Chalmers University of Tech-
nology, S-412 96 Gotecborg, Sweden.
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The roughness of the serrated fracture surface can be measu-
red in various ways (3,4, Wasén et al. (5), Gray et al. (6},
Karlsson et al. (7)). Basically the geometry of the surface can be
determined by sterecometry or through analysis of profiles from
vertical sections perpendicular to the fracture surface (7). The
latter technique is used here and is often advantageous as it
allows simultaneous analysis of the underlying microstructure. A
problem with quantitative fractographic measurements is that no
generally accepted definition of the fracture surface roughness
exists. This makes a direct comparison between different published
results difficult. Huge differenses in the absolute values of the
surface roughness have been reported for alloys with virtually
identical microstructures (3,6).

The aim of the present work is to make a systematic study of
the relation between the microstructure, the fracture surface

roughness, and the crack closure level.

EXPERIMENTAL PROCEDURE

Plain binary Fe-C alloys with various carbon contents and some
commercial, unalloyed steels were used in the present investi-
gation (see table 1). The commercial alloys (from Svenskt Stal AB,
Sweden) were tested in the as-received conditions. The pure Fe-C
alloys were austenitized at various temperatures (760-1200 OC) in
order to develop different grain sizes. All austenitized alloys
were furnace cooled (7 ©C/min) down to the A -temperature and then
either continuously air cooled (15 ©C/min) or isothermally trans-
formed in a lead bath at 575 ©C for 10 s followed by air cooling.
The air cooled materials are denoted soft (S) and the isothermally
transformed alloys hard (H). In the case of ferrite/martensite
microstructures the specimens were quenched from 788 ©C in the
(a+y) phase region, resulting in a carbon content of 0.40 % in the
martensite. Later annealing gave a microhardness of HV 400 in the
martensite.

The microstructural variables thus controlled by these heat
treatments are the grain size, the volume fraction and the hard-
ness of the second phase and in the case of pearlitic steels the
size of the pearlite colonies and nodules as well as the inter-
lamellar spacing. These varables were measured with linear inter-
cept methods (3). The values in table 1 are mean values, each one
corresponding to a standard deviation of less than 5 %.

For the pearlitic alloys the colony size has been considered
as the most relevant microstructural feature in the present con-
text, because the stress field at the crack tip is sensible to the
cementite lamellae orientation (3). For the two-phase structures
the grain size is defined as the average linear intercepts of the
two constituents ferrite/pearlite nodules and ferrite/martensite
respectively.
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Fatiguec crack gowth cxperiments were carricd out with single
odge notched specimens (thickness 2 mm, width 15 mm). All tests
wore performed in plain strain condition with R = 0,05, using an
Instron universal testing machine at constant load amplitude
{frequency 55 Hz and laboratory air with 45-55 % relative humi-
dity).

During the propagation, crack opening displacement curves
were recorded at different crack lengths. The crack closure load
was defined as the intersection point of the two branches of the
recorded compliance curve. It is obvious that this point lies
between the conventionally defined Pop and P, loads. The advan-
tage of this procedure is that the uncertainties due to ovaluation
problems are minimised.

The fractur~ surfaces of the fatigurd specimens were geo-
metrically quantificd by the aid of profilc analysis. The profiles
wore taken from vertical sections through the interior of the
specimens parallel to the main crack propagation direction. High
resolution optical micrographs were uscd for computer aided
digitizing of the profile. In the measurements the "real” profile
1s replaced by a chain of chords with an individual length given
by the resolution of the digitalization, in this case 0.5 ym.

The parameoters used to characterize the profile should
describe the direction and the location of the chords related to
som: suitable refercnce line., Parameters that are preferably used
in order to quantify the fracture surface are for example the
helght distribution (4,5,7), the angular distribution (4,5,7), the
length weighted angular distribution (7, Wasén and Karlsson (8)),
the lincar roughness parameter (5,7, Wright and Karlsson (9)), and
the wavelength spectrum (7).

A problem in profile analysis (and also in direct surface
studirs) is that a long-waved irrcgularity sometimes apprars in
the profile (3-5,7,8, Park and Fine (10)) and overlays the local
fracture geometry. This waviness results in a non-averaged height
distribution whrn th~ total length of measure is finite. A method
to suppress the waviness in order to average the characteristics
of the fracture surface over a limited interval is to use a high
pass filter technique (5,7). This mcthod crcates a mathematically
woll-defined dividing line formed by the low frequencies of the
frequency spoctrum of the profile, With this dividing line (that
satisfics tho geomrtrically necessary requirement that the height
distribution should be symmetric around it) as a reference it is
rasy to determine the height distribution (5,7). In this context
the height distribution of a fracture surfacc is of speciatl
significance. Although the measurements were performed along the
profile the results arrived at are truely representative also for
the curved arca clemoents on the real fracture surface. The height
distributions turnod out to be symmetrical around the dividing
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line with virtually Gaussian shapes. For this reason the distri-
butions can effectively be described by the standard mean height
deviation (H). The geometrical meaning of this is that the advan-
cing crack is meandering around the dividing line at a distance
essentially within *H. Further experimental details are published
elsewere (5,7).

RESULTS AND DISCUSSION

Surface roughness

The topography of the fracture surface was studied by the quanti-
tative profile analysis technique described above. The number of
grains transversed along the crack profile was more than 400 in
each case and thus sufficient for good average values to be
obtained after filtering. For all microstructures tested the
standard mean height deviation (H) represents a mean value over
the whole crack length, but no significant influence of the
AR-level was found.

For ferrite there is a linear relationship between the
standard mean height deviation (d) and the mean intercept grain
size (A), fig 1. By including corresponding data from pearlitic
structures and using the mean intercept of the pearlitic colonies
as the microstructural unit, a good fit between the data from the
two microstructures is found. Fig 1 indicates that the meandering
of the crack tip around the dividing line is in general confined
to the width of one ferritic grain or one pearlitic colony re-
spectively. However, the sideways movement of the crack tip in
relation to the grain size is smaller in the coarser structures
as the ratio H/A decreases with increasing A (fig. 1).

Which of the microstructural features that controls the
surface roughness is a matter of controversy. The size of the
microstructural unit has been suggested as the prime factor (2-6)
and this view is convincingly supported for the "single" phases
ferrite and pearlite in this study (fig. 1). In cases of more than
one microstructural constituent, the stress field at the crack tip
interacts with a phase mixture which is plastically heterogeneous.
This makes it more difficult to define a relevant microstructural
unit, especially when both constituents have similar volume frac-
tions. When introducing pearlite as the second constituent in a
ferritic matrix, H may be expected to depend on the crack retar-
ding capacity and the volume fraction of pearlite relative to that
of ferrite. In addition the grain size itself might influence. As
H/XA in ferrite and pearlite respctively depends on XA (fig. 1), one
series of coarse and one series of finer phase mixtures were
selected for further investigation (figs. 2a and 2b; table 1), In
the phase mixtures the mean intercept grain sizes were taken as 45
and 20 ym approximately (slight deviations from \A-values given in
table 1).
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In coarse microstructures the height deviation H increases at
increasing volume fractions of pearlite (fig. 2a). The reason for
this behaviour is that the advancing crack partly circumvents the
pearlitic constituent. As H/\ is relatively small in the pure fer-
rite at such large grain sizes, this circumventing of the inclu-
sions causes large deviations of the propagating crack. Passing
the level of shift in the phase continuity then gradually causes H
to approach the level found in pure pearlite (cf. fig. 1 and table
1). As the inherent retarding effect on a propagating crack
increases at decrecasing interlamellar spacings (3), harder pear-
lite inclusions would result in more pronounced crack deviations
in the mixed structures. This was indeed found (figs. 2a and 3)
and the effect is strongest at equal volume fractions of the
constituents. In fully pearlitic specimens, on the other hand, the
comparatively low H-values are determined by the size of the
pearlite colonies created in the heat treatment cycle (ref. (3),
fig. 2a and table 1). By introducing martensite instead with still
higher hardness a more or less complete circumventing of the in-
clusions could be crecated causing a very wide height distribution
(figs. 2a and 3). Increasing the hardness of the martensite
further results in brittle cracking of the martensitic inclusions

with a lower H-value as a consequence.

At smaller grain sizes the relative crack deflection (H/)) in
ferritic samples is larger. Introduction of inclusions will then
cause less change of the crack topography. In fact, at A=20 um
virtually no effect of the pearlitic inclusions is seen, fig. 2b.
At very fine grained ferritic structures (A < 5 um) H approxi-
mately equals the grain size (i.e. H/A = 1), fig. 1, and additions
of pearlite or even martensite inclusions will not cause any
further increase of the fracture surface roughness (c.f. DOCOL 800
in table 1).

The preference for cracking in the softer ferrite phase leads
to a gradual change of H at the continuity shift between ferrite
and pearlite (fig. 2a). Microhardness measurements indicate
noticeable plastic deformation of the pearlite only when this
constituent is intersected by the propagating crack; otherwise the
plastic zone extends in the softer ferrite leaving the pearlite
inclusions elastically strained in the procecss zonc ahead of the
crack tip.

Crack closure

The crack closure level increases with increasing roughness of the
fracture surface. In fig. 4, K.; and H of all the microstruc-
tures in table 1 are collected. With a reasonably small scatter
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the data fit a relation earlier developed for single phase ferrite
(4):

Ky = 1.20 - 873 (K, in M 3/2 and § in ym) (1
This equation predicts that the crack closure level (K_.) is
wholly determined by the roughness as defined by the well-defined

standard height deviation H. Relation {1} is statistically very

secured with a span of the H-values of approximately a factor 30
(table 1).

The highest closure values are found in coarse microstruc-
tures with second phase inclusions close to being continuous and
hard enough to cause a crack tip deflection. To high a hardness
might cause transcrystalline cleavage fracture of the inclusions
leading to an overall decrease of the roughness and thus of K
This study also shows that for instance fine-grained duplex
microstructures (DOCOL grades in table 1) do not result in higher
crack closure than do single phase ferritic materials of corre-
sponding grain sizes.

cl-

CONCLUSIONS

This investigation on steels with microstructures of ferrite,
ferrite/pearlite, ferrite/martensite and pearlite leads to the
following conclusions:

1. In the case of single phase materials the fracture surface
roughness (H) increases linearly with the size of the micro-
structural unit.

2. Both the volume fraction and the hardness of second phase
inclusions are determining factors for the fracture surface
roughness in coarse-grained steels. Such a dependence is not
seen in fine-grained materials.

3. The crack closure level is closely related to the fracture

surface roughness (H) and increases proportionally to w73,

ACKNOWLEDGEMENT

The Swedish Board for Technical Development has financially
supported this project.

140




(2)

(3)

(4)

(5)

(6)

(7)

(8)

(9)

(10)

FATIGUE 87

REFERENCES

Elber, W., ASTM STP 486, Amer, Soc. Test. Mater., Philadel-
phia, 1971, pp. 230-242,

Suresh, S. and Ritchie, R.O., Conference Proceedings: "Fatigue
Crack Growth Concepts". Edited by D. Davidsson et al., AIME,
Philadelphia, USA, 1984, pp. 227-261.

Hamberg, K. and Karlsson, B., Chalmers Univ. Tech., Goteborg,
Sweden. To be published 1987.

Wasén, J., Hamberg, K., and Karlsson, B., Chalmers Univ.
Tech., Goteborg, Sweden. To be published 1987.

Wasén, J., Karlsscn, B., and Hamberg, K., Proceedings of the
IV European Symposium for Stereclogy, Goteborg, 1985. Acta
Stercologica, Vol. 6, No. 1, 1987. In print.

Gray, G.T., Williams, J.C., and Thompson, A.W., Metall.
Trans. A, Vol. 14A, pp. 421-433,

Karlsson, B., Wasén, J., and Hamberg, K., To be presented at
Fatique '87, 1987.

Wasén, J. and Karlsson, B., Chalmers Univ. Tech., GOteborg,
Sweden. To be published 1987.

Wright, K. and Karlsson, B., J. Microscopy, Vol. 130, pt. 1,
1983, pp. 37-51.

Park, D.H. and Fine, M.E., In "Fatigue Crack Growth Thres-

hold Concepts". Editcd by D. Davidson and S. Suresh, AIME,
New York, 1984, pp. 145-161.

141



FATIGUE 87

8°¢ 6°G 34 S9 (H) 93TT1Je3d/03T11134 J€6°0-94
S°¢ 0° € St S9 (H) 23IT11IeDd/23IT1104 285 0-34
z°¢ 0Ll Sb 44 (S) 93171€0d/031133d 08¢ "0-9d
- 0°9 Ll [44 (H) 93T11e2d/3313134 o8t "0-9d
- 679 L2 (A4 (H) @3111e2d/9313304 o8t " 0-°4
8°¢ 0°82Z 14 44 (H) 2317180d/0311134 08¢ "0-9d
- Z°L 6l ze (S) 93tTaed2d/23TaI0d 20z "0-2d
- 8°L 61 44 (H) 93T11e5d/3311134 J0Z°0-94
- 0°¢€z 9 (44 (H) 23T11Ae0d/231139d D0Z " 0-3d
L9 6°C¥% 44 14 931TSUd3IeR/23TII0d 20Z2°0-°4
(A4 (14 1°9 L 03TSUD3IeW/O3TI1IB4 | HE00S T0D0Q
(a4 0°¢ £°¢ 44 931SU93IPK/DIITII3J 008 T0204
Z°t 9°1 [4 - (H) 93TTIR3d J8°0-°4
ST L'z € - (H) °93T12aedd J8°0-3d4
671 6°C Sy - (H) 231T2eDd J8°0-ad
8°1 6°¢€ S - (H) 931TIe3d o8 0-°d4
S L3 4 ot - {S) °3T11ae3d o087 0-24
€72 9°G St - (S) 93T11Xe3d J8°0-24
8°¢ 2°6 9z - (S) °93T113e3d 08 °0-ad
£t 0722 08 - 0311104 2Z0°0-°d
6°2 0°6Gt Sb - 9311104 020°0-24
S’z 6°6 62 - 0311194 2207 0-34
£°Z 6°9 St £> 03711104 LyLLbL SS
0z Z2°s 8 £> 0311134 0sg 100040
Am\mnsmﬁ: (un) g ssou (wr) Y ozT1s aseyd 21n3ona3s
Az -ybnox ossejang *30NIISOIDTRW puooos Jo o/Aa ~OIDTW Terxojen

po3ebT3ISOAUT SOINJIONIISOIDTW - | JTEVL

142




FATIGUE 87
T T T L] T T L T L T
O FERRITE
® PEARLITE
30+ 4
Hipm) -
ZOL o -
10 F "—'.(D -
P
, 1 A 1 i 1 1 1 1

10 20 30 40 S0 60 70 80 90 100
MICROSTRUCTURAL UNIT (um)

Fig. 1. The fracturc surface roughness (H) vs. the microstructural
unit size for the single phase forritic and pearlitic strels.,

T T T T T T T T l 60 -*\' T T ‘ﬁ T T T T I
801 o soFT PEARLITE Az 45pm D SOFT PEARULITE Az 20um i
O HARD PEARLITE O HARD PEARLITE |
A MARTENSITE
50 ~ 50 4
fal
Wwr b Wt B!
A (um) A (pm)}
30+ o - 30 - -
TN
C (o]
20 ~/ 1 0+ 4
/ mm==0=o
o* -~
-~y
10 ~0 - 10 4
S 0—=8—0yp o g8 |
N S| AR
l |
0 05 1 0 05 1
VOLUME FRACTION OF SECOND PHASE VOLUME FRACTION OF SECOND PHASE
a. b.

Fig. 2. Tho fractur~ surfac. roughneoss (H) vs. the volume fraction of
second phase.
a. Coarse grain structure

B 45 ym.
b. Fine grain structure, A

) =
= 20 ym,




FATIGUE 87

T e B T
VOLUME FRACTION
OF SECOND PHASE =45%
SO =
A
W .
# (um)
30 ~
(o]
ob / ]
’U
10k Q SOFT PEARUTE
O HARD PEARLITE
A MARTENSITE

_\/\; i 1 L
300 350 400

MICROHARDNESS OF SECOND PHASE

Fig. 3. The fracture surface roughness (H) vs. the microhardness of
the second phasc (A = 45 pym).

‘T /U/V— i
o

O FERRITE

® PEARLITE

O FERRITE / PEARLITE

<V FERRITE / MARTENSITE
1 A 1

10 20 30 40 50
A (um)
Fig. 4. The crack closurc stress intensity (Kcl) vs, the fracture

surface roughness (H). Drawn line indicatcs Koy prodictad
from equ. 1.



FATIGUE 87

GROWTH OF SHORT FATIGUE CRACKS IN A SQUEEZE
FORMED ALUMINUM ALIOY'

B.P.D. O’Connor and A. Plumtreel

The initiation and early growth of fatigue cracks in
strain cycled squeeze-formed 6066-T6 aluminium alloy
have been investigated using single-stage replica-
tion techniques. Cracks initiated at the second
phase particles in the interdendritic region.
Fatigue cracks propagated through these regions.

Short crack growth behaviour may be expressed
using a model based on crack tip plasticity where
the barriers are second phase particles at triple
Junctions. These barriers influenced the growth at
low strain amplitudes more than at higher ampli-
tudes.

INTRODUCTION

The anomalous growth behaviour of short cracks has been shown by
many investigators to be associated with such microstructural fea-
tures as grain boundaries {1}, eutectic colony boundaries {[2] and

second phase particles [3]. In all cases, short cracks were
observed to grow at rates faster than those predicted by linear
elastic fracture mechanics (LEFM). One possible explanation is

that the size of the plastic zone associated with short cracks is
several times greater than that of a large crack with a similar
driving force [4). The tip of a short crack does not witness the
material as a continuum. In this respect, impediments presented by
grain boundaries have little effect until the crack is in their
immediate neighbourhood.

An attractive model for the prediction of short crack propaga-
tion rates is that proposed by Chan and Lankford [5], in which the
growth rate of a short crack is dependent upon the proximity of the

1 .
Department of Mechanical Engineering, University of
Waterloo, Waterloo, Ontario, Canada N2L 3Gl
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crack tip to a grain boundary and the orientation of the neighbour-
ing grain. The observed phenomena of crack arrest, crack retarda-
tion followed by crack acceleration and continuing crack accelera-
tion is incorporated in this model by a parameter, k(¢), represent-
ing the misorientation between neighbouring grains. Growth of this
type is assumed to continue until the plastic zone size is of the
order of a grain, at which stage long crack behaviour is assumed
(6].

The object of this work was to examine the microstructural
features which initiate short cracks together with those which
impaired crack growth at various applied stress/strain levels. It
also provides the opportunity to examine the applicability of the
crack growth model based on crack tip plasticity (5].

EXPERIMENTAL PROCEDURE

Completely reversed strain controlled fatigue tests were performed
at room temperature on smooth cylindrical specimens of 5mm diameter
with a gage length of 10 mn. The material examined was AA6066-T6
in a squeeze-formed condition having a 0.2X% offset stress of 345
MPa, an ultimate tensile strength of 365 MPa and a strain to fail-
ure of 1.4%. All tests were performed on an MIS servocontrolled
closed-loop electrohydraulic testing machine. Single stage repli-
cation was used to determine crack growth at various intervals of
the fatigue life.

MICROSTRUCTURE

Squeeze-forming AA6066 resulted in a refined microstructure, con-
sisting of cast primary aluminum rich dendrites and a second phase
of aFeAftMnSi in the interdendritic regions, as shown in Fig. 1.
Grain boundaries surrounded many dendrite arms indicating that the
pressures involved in the squeeze-forming process were sufficient
to break them from the primary cores. This resulted in a fine-
grained structure with an average dendrite spacing of 84 m.
Dendrite size distribution ranged from 25 ym to 300 pam. The aver-
age width of the precipitate free interdendritic region was 15 m.
Second phase particles ranged from 3-30 :m in length. Coring in
primary dendrites produced during squeeze-forming persisted after
the T6 heat treatment. The strengthening precipitates in this
system are m28i.

RESULTS
Metallurgical inati
Low Cyclic Strain Amplitudes. 0 ¢ 4¢ /2 ¢ 0.3 [maximum stress <
60% %,] Upon cycling, short cracks initiated in the soft (115 HV)

precipitate-free interdendritic regions. In the majority of cases,
initiation occurred by debonding of second phase particles orien-
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tated normally to the applied stress. Initially, crack growth was
from particle to particle. Indeed, propagation over the first 1.5
mm in the depth direction at 4e¢; /2 = 0.15% was along the interden-
dritic regior, shown in Fig. 2, as opposed to propagation through
the harder aluminum dendrite matrix (140. HV). Figure 3 shows the
evolution of a short crack which caused failure at d4e_/2 = 0.15%.
It may be seen that growth to the right is blocked {position 1)
whilst the crack grows to the left at an angle of 45° to the
applied stress. Changes in crack growth direction occurred at
second phase particles labelled 2-6 until a crack length of 350 .m
was attained. At this stage the barrier to the right was overcome
and growth continued as shown. The fracture surface associated
with this crack was examined using back scattered electrons (BSE),
Fig. 4, where higher atomic number elements in the intermetallic
second phase particles appear brighter than the lower atomic number
aluminum. The region marked by the arrow corresponds to the initi-
ation site whilst the fretted (black) region in the centre repre-
sents the inclined region of Fig. 3. Lighter second phase parti-
cles can be seen to outline dendrites and faceting is apparent
throughout. A secondary crack, labelled 1, associated with a
second phase particle at a depth of 30 im behind the initiation
site indicates that the crack was blocked at this location. Other
secondary cracks can be seen at depths of 100, 150 and 290 .m,
labelled 2-4. In general secondary cracks followed the light
second phase particles in the interdendritic regions at grain
boundaries and triple junctions suggesting these represented the
strongest barriers to growth at this strain amplitude. Knowing,
however, that growth was taking place along the interdendritic
regions, parallel to grain boundaries, secondary cracking is due to
the crack interacting with triple junctions. This is confirmed by
examining Figure 2 which shows the greatest ‘confusion’ in crack
growth occurring at the triple junctions, represented by ‘A’.

High Strain Amplitudes. 0.30 < (de,/2) ¢ 0.5 [maximum stress < 70%
oy]. At strain amplitudes exceeding 0.35% initiation occurred both
by second phase particle debonding and fracture, which took place
at many locations. As a result, early crack growth was by crack
coalescence. Once again the easiest path for growth was along the
interdendritic region but in this case the driving force was
sufficient to break second phase particles at triple Jjunctions
leading to a combinatign of inter and transdendritic growth. The
fracture surface in Fig. 5 shows a small faceted region (to a depth
of 550 pm). When compared to that at lower strain amplitudes, slow
crack growth occurred to a smaller depth. The initiation site
shown by an asterisk has a faceted thumbnail appearance in the
depth direction representing growth to the first triple point.
Early growth appears to be at approximately 45° to the stress axis
in the depth direction and is halted approximately 70 pm from the
surface. The depth of the crack was 70 pm whilst the surface
length was approximately 200 pm. Only one secondary crack was
located on the fracture surface, implyving that triple junctions ro
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longer represented major impediments to crack growth.

Crack Growth Studies

Surface crack lengthgs at various intervals of the fatigue life
were measured for the strain amplitudes examined. The retardations
in crack advancement occurred at distances up to 900 im on the
crack surface, which far exceeded the dendrite gize. However,
knowing that in plane strain, growth along the surface is easier
than that in the radial direction, a series of tests were performed
to determine the depth associated with surface cracks up to 10 mm.
Corresponding depths were determined by the penetration of a dye
applied prior to breaking the specimen on an impact machine. The
resulting data showed that the crack depth, a, could be approxi-
mated from the surface crack length, ¢, by the relation

ax 0.365 ¢ (1)

This relationship was used to determine the crack depth shown in
Figure 6 for various intervals of the fatigue life. Retardations
occurred over the depth range of 20-300 pm corresponding to the
range of dendrite sizes. Crack propegation rates were determined
by the secant method. These were plotted against crack depth in
Fig. 7. At low strain smplitudes, retardations in growth occurred
at average crack denths of 40, 90, 120 and 250 im corresponding
approximately to the depths at which secondary cracks at triple
junctions 1-4 in Fig. 4 were observed. At 4e /2 = 0.5% retarda-
tions were smaller in magnitude and this is consistant with the
larger crack driving force and hence reduced resistance of triple
Jjunctions. '

DI SION

The micromechanism of crack retardation observed in this work is
similar to that modelled by Lankford et al (4] using the equation

da/dN = c_ax"n—k(n((o—b:)/m“’l (2)

da/dN = crack growth rate
where C = constant obtained at 4K = 1 MPa/m and k(e¢) = O
4K = stress intensity factor
k(#) = measure of the misorientation between grains
X = distance of crack tip from a dendrite boundary
D = dendrite size
n and m = constants

To apply this model the values of C , n, k(#) and m must be known.
The term k(¢) is significant since it determines the degree of re-
tardation imposed by dendrites of different orientation. The value
of 4K at which this occurs is independent of the actual value of
k(#) and for this reason, together with the experimental difficulty
associated with its determination, a value of 0.8 was assuned
throughout. The slope, n, can be approximated by the growth of
short cracks when they are distant from a neighbouring grain bound-
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ary. In this case, n=0.49 indicating that short cracks grow with a
different 4K dependency than long cracks (n=2.5). The value of C
from Fig. 7 is clearly dependent upon strain amplitude and was
determined to be 4.0 x 10-10, 2,0 x 1078 and 2.0 x 106 for the
strain amplitudes of 0.15, 0.20 and 0.50% respectively. The rela-
tionship between C and strain amplitude has been determined and
values from a similar strength squeeze-formed material {7} have
also been included for greater accuracy. In all cases the average
dendrite size of 84 pm was assumed, together with a value of m=2
determined by Chan and Lankford {5] on 7075-T651. Plotting Equa-
tion (2) with these values produced the plots of da/dN against
crack depth for the strain amplitudes of 0.15, 0.2 and 0.5% and
these are included in Fig. 7. The predicted retardations in growth
occur at crack depths corresponding to multiples of the average
dendrite size. The predicted growth with k(¢)=0 is shown for com-
parison. This value is appropriate for the higher strain ampli-
tudes. The rationale will be discussed later. For the lowest
strain amplitude, 4e,/2=0.15%, the retardation at 40 pm corresponds
to microstructural Eeatures less than the average dendrite  size.
Again this may be due to the distribution of dendrite spacings but
the predominately interdendritic mode of crack advancement suggests
that the observed behaviour is associated with second phase parti-
cles at dendrite boundaries and triple junctions. The greater
nunber of retardations observed at this strain amplitude in compar-
ison to the higher levels further suggests that these microstruc-
tural features have a mitigated effect at higher amplitudes due to
the greater stresses which can cut through second phase particles,
even those at triple points, leading to a combination of trans and
interdendritic growth.

Since short cracks grow with a different 4K dependency than
long cracks, it is important to know at what stage the short cracks
become “large". Lankford observed that short crack data merges in-
to long crack data when the plastic zone is of the order of a grain
size and suggested that his model should be applied to that point.
Assuming the plastic zone size, r , to be given by an equation of
the form (8] P

r = 0.196 (K__Jo_ ) (3)

P max: v
maximum applied stress intensity
y yvield stress
then short and long cracks should merge at depths of 1500, 700 and
175 pm at strain amplitudes of 0.15, 0.20 and 0.50% respectively.
This phenomenon was not observed where the short crack data merged
with long crack data at depths of 40-300 pm over the range of
strain amplitudes examined. For crack depths of 300 wum the size of
the plastic zone was 20, 38 and 150 pm at strain amplitudes of
0.15, 0.20 and 0.50 % respectively, implying that the crack depth
at which short and long cracks merge is independent of the plastic
zone size., It thus appears that short crack growth in this case is
due to the lack of constraint of the surface grains. El Haddad et

where K
max
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al [9] proposed that short crack data may produce long crack curves
provided the stress intensity equation is modified according to

AKeff = A AaJnZa+ao) (4)

u

2
(llﬂ)(AKth/Aoe) (5)

(o}
K, threshold stress intensity value
2, = fatigue or endurance limit
Using a threshold value of 7 MPa Jm and an endurance limit of 220
MPa at 10° cycles a value of a=330 pm is obtained. This represents
four grain sizes and corresponds quite well to the crack depth at
which short crack behaviour is no longer observed.

where a

Practical Application of Short Crack Data

Having found that Lankford's model can predict decelerations
in crack propagation rate at triple junctions it is interesting to
speculate how this model may be used to estimate the number of
cycles spent in the short crack regime. The risk one takes in
applying the model is that it assumes a very regularly distributed
microstructure with each grain separated by the average grain size.
Thus any decelerations caused by features above or below this di-
mension cannot be predicted. Furthermore, the misorientation be-
tween grains is the major factor which determines whether or not a
short crack arrest or deceleration will occur. One cannot predict
apriori that any crack arrest or acceleration will occur. The con-
servative approach therefore is to assume the worst possible case
of continuous crack growth with no decelerations whatsoever. This
can be incorporated into the model by assuming the value of k(#) to
be zero. In this case

da/dn = C 4K (6)

Knowing n=0.49 and C, it is possible to integrate this equation in
order to estimate the number of cycles spent in the sho.t crack re-
gime. The limits of integration vary from the size of the initia-
tion site to the upperbound (=a,) for short crack growth. The
former may be taken as the average second phase particle size of 15
4m whilst the latter is 330 ;m as determined from equation (5).
Integration of equation (6) yields the values given in Table 1 for
the short crack regime. The actual number of cycles are given for
comparison. Integration of the Paris equation from a crack depth
of 330 im gives the number of cycles to failure in the long crack
growth region. Combining the results of this integration with that
for short cracks results in an estimated fatigue life (C), Table 1.
The life predictions at the two lower strain amplitudes are con-
servative whilst that at 0.5% is less so, indicative of the absence
of severe crack arrests in this case. The outcome of incorporating
the number of cycles in short crack regime into the lifetime pre-
diction has been to reduce the grossly over-conservative estimate
produced by assuming only the Parias regime to apply.
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TABLE 1 - rigson of Predicted Actual Fatigue Lives

STRAIN AMPLITUDE %

0.15 0.20 0.50

A. Predicted short crack
growth (cycles) from 404,000 7,000 47
integration of eqn. 6.

(15 pan - 330 1am)

B. Predicted Long Crack Growth 246,100 50,790 593
(330 gm - 5000 wm)

C. Estimated Life (A+B) 650,100 57,790 640

D. Actual short crack growth 1,225,000 55,000 420

E. Actual long crack growth 144,900 78,500 508

F. Actual life (D+E) 1,369,900 133,500 928

CONCLUSIONS

1. Short fatigue cracks in a squeeze-formed aluminum—6066
alloy initiate at second phase particles in the precipitate
free interdendritic zone. The process of initiation is by
decohesion at the particle/matrix interface for strain ampli-
tudes less than 0.3% and a combination of decohesion and
particle cracking at higher strain amplitudes.

2. The early growth rate of short cracks is dependent upon the
applied stress/strain level. Short cracks of a given length
grow faster at higher strain amplitudes.

3. Short crack growth behaviour may be expressed using a model

(1]

based on crack tip plasticity where the barriers are second
phase particles at triple junctions. These barriers influence
growth at low strain amplitudes more so than at higher ampli-
tudes. The tendency for particle fracture at high strain
amplitudes appears to result in less drastic growth decelera-
tion before long crack behaviour develops.
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INFLUENCE OF MICROSTRUCTURE AND AGING CONDITION ON THE FATIGUE
CRACK PROPAGATION IN AGE HARDENED ALUMINIUM ALLOYS

R. Scheffel, O. Ibas and K. Detert*

Fatigue crack growth rates of age hardened alu-
minium alloys with different grain sizes were
studied. The tests were conducted on CT specimens
at increasing AK values and on bend specimens at
increasing as well as at decreasing AK. The

stress ratio varied between 0.1 and 0.8. An in-
fluence of stress ratio below 0.6 was found with
increasing grain size. This could be explained by
roughness induced closure, which occurs in coarse
grained materials. By taking closure into account
good agreement of the data at all stress ratios and
for the different aluminium alloys could be ob-
tained. An absolute threshold value is found to be
below 1.5 MPa/m.

INTRODUCTION

Age hardened aluminium alloys such as Al-Mg-Si and Al-Zn-Mg-Cu are
commercially used for light weight applications in particular for
ground transportation, structures and aeronautical purposes. Since
all constructions are usually subjected to alternating stresses
during service, the fatigue properties of the above alloys are very
important.

It was found for Al-Mg-Si alloys that grain size (Ruch and
Gerold (1)), dispersoid content due to Mn or Cr being present
(Edwards and Martin (2)) and also the stress ratio R (Scheffel and
Detert (3)) are important parameters which control the fatigue
crack growth rate (FCGR) at a given level of the applied cyclic
stress intensity factor AK. The R-ratio effect was shown to occur
due to roughness induced closure (Scheffel and Detert (3), (4)).

*Institut flr Werkstofftechnik, Universitidt GH Siegen
D-5900 Siegen, FRG
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The present study was undertaken in order to evaluate the
influence of grain size, grain shape and aging treatment on
crack closure and the FCG behaviour, and to derive simple rules
for the use of fatigue data in damage tolerance design concepts.

MATERIAL DETAILS

The Al-Mg-Si alloys were DC cast, extruded to bars, homogenized
and hot rolled. They were solution treated at 540° C and aged tc a
hardness of 95-100 HB at 160° C. The aging time was 3h for the
underaged and 2h for the overaged condition. The alloys termed 7T
and T' were commercially manufactured and had nearly the same
composition. T was an alloy with coarse and T' an allcy with fine
grains (Fig. 1). The other two coarse grained Al-Mg-3i alloys were
produced from one melt to contain different Mn additicns: All-y M
is manganese free, whereas MH contains more Mn than 7 and T'.

The Al-Zn-Mg-Cul,% alloy was extruded tc¢ rectangular bars :f
50.5mmx25mm cross section. It was sclution treated at 470°C, 3Umir
in a saltbath, plastically strained {1.5%) and then aged in twc
steps (120°C/12h, 170°C/5.5h) to cbtain a hardness of lok HE.

The grain shape was fibrous with an average diameter <of ZC.n
across the thickness. For compariscn tests a coarse grained
modification with roughly equiaxed grains ~f approxemately 1lCum
diameter was produced by a special heat treatment <7270 [<h,
540° C/24h prisr to aging (Fig, 1. Some
investigated allcvs are conpiied in Tab.

TABLE 1 - Composition, Jrair Dimensions in L. S - :
and Mechaniczl Froperties of tne Investiganei 4l.
(Underaged Conditicn.

Allcy Al-Mg-51i Al-in=Ye-cut, T
MFu Tu u! MHu

Cast No. 41 43 A 45

Mg (w%) 0.91 7.02 1.00 O Z.o

Si (wh) 0.92 1.05 1.04 0.58 Ll

Mn (w%) 0.70 0.76 0.97 L.l

Fe (wh) 0.25 0.21 0.20 0.0 J.ot

Cu (w%) [

In (W) SRR

Cr (w%h) Y.V o

Grain L 365 521 ub 498 200 73

diam. T 367 256 55 283 100 113

D (ym) S 196 92 46 134 20 i

Sp  (MPA) 219 252 210 202 526 B

UTS (MPA) 312 361 322 294 576
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EXPERIMENTAL PROCEDURE

CT-specimens (Al-Mg-Si: W = 100 mm; B = 15 mm, Al-Zn-Mg-Cul,5: W =
40 mm; B = 15 mm) in LT orientation were machined according to the
ASE% specification E6U7-78T for tests at FCG rates above

10 "m/cycle. The tests were conducted in laboratory air at

constant stress ratios up to 0.8 and at a testing frequency of 20
Hz using a servohydraulic testing machine. During each test the
maximum and minimum loads were kept constant, which means thatAK
increased with the crack length. At every optically measured crack
length a load vs. crack opening displacement (COD) record was taken
to check the linearity and to correct AK for crack closure (3).

Charpy specimens with a modified cross section (15 mm high, 10 or
5 mm thick) and a 2 mm notch were used in an automatic resonant
fatigue testing system under_gure bending at approxemately 200 Hz
to measure the FCGR below 10 "m/cycle at low values of AK as
well as to determine the threshold. The crack lengths were measured
with the indirect potential drop method. During the test the cyclic
stress intensity was exponentially decreased with increasing crack-
length according to Saxena et al (5). This procedure occured con-
tinucusly under microcomputer control. Either the stress ratio R or
K in each cycle was kept constant troughout the test. A
B4 in gauge was fixed to the specimen to measure the back face
strain {BFS). More details about the testing equipment were re-
ported by Scheffel and Detert (4) and Phoplonker et al (6). It
could be shown that keeping K constant avoids crack closure

max
near the threshold.

RESULTS

Influence of grain size (and shape). The results obtained from
tests with CT-specimens at increasing K and R=0.1 in Figs. 2a, b
show a strong grain size influence on FCG: The FCGR at a givenOK
increases with decreasing grain size in both alloy systems. This is
in accordance with the findings of Albrecht et al (7, 8) for
Al-Zn-Mg-Cu alloys and those of Ruch and Gerold (1, 9) for
Al-Mg-Si. The scatterbands of these literature data are also in-
cluded in Figs. 2a, b for comparison. For our alloys an influence
of crack closure on FCG was taken into account: The crack opening
stress intensity, Ko , was determined from the load at the
intersection of the“Yinear parts of each load-COD curve and the
corresponding crack length. When the FCG data are replotted versus
the effective stress intensity range AK cF C K <~ 5% in
Fig. 2¢ no influence of grain size or sﬁépe re%glns. P

Crack closure was detected for all investigated Al-Mg-Si alloys
(for coarse grained materials up to R=0.6) and also for coarse
grained Al-Zn-Mg-Cul,5 below R=0.6. No indication of closure was
found for the fibrous grained Al-Zn-Mg-Cul,5 alloy.
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Some FCG data in the near threshold region (at da/dN 10'8m/

cycle) obtained from bending specimens tested at decreasing ANK are
given in Figs. 3a, b for those alloys with minimum and maximum
crack closure: The fibrous (fine) grained Al-Zn-Mg-Cu1.5 alloy in
Fig. 3a did not show any crack closure. It is therefore not sur-
prizing that a R-influence was not detectable. The threshold lies
arround 1.0 MPa/m . A different result in the lowAK range is found
for the underaged alloy T in Fig. 3b: At constant R tests decreas-
ing thresholds are found as R increases. This behaviour is typical
for a strong crack closure influence, which is alsc indicated by
non-linear moment-BFS records (K was 3 MPa/m ). Comparison of
the measured threshold values (oB@n symbols Fig. 3¢) and the clo-
sure corrected ones (full symbols) with those obtained at K =
const, from the other Al-Mg-Si alloys MF, MH in Fig. 4 (sha@%é
area) supports an absolute fatigue threshold less than 1.5 MPa i
for the present alloys.

Influence of the aging treatment. Fig. 4 summarizes similar results
obtained from under- and overaged specimens of the Al-Mg-Si alloys
MF and MH. The FCG curves are nearly identical with those in Figs.
3a, b and also consist of two common scatterbands each with a slope
m=2 but with individual transition ranges between them: Overaging
shifts the transition ranges of both alloys to larger OK_ .. but

the transition sequerice is the same for both aging conditicns. The
threshold values K are indicated as the shaded area in

Fig. 3c. eff,th

DISCUSSION

This contribution cenfirmed for two diftferent aluminium allsy
systems that the influence of grain size is mainly to determine <he
extent of closure which was found te increase with grain size,
especially at low k. Ruch and Jercld 3 as well have repzoried
indications for clcsure in thelr coarse grained Al-Mg-3i sush as
oxide particles due tc fretting corrosion at toulhing sec
the crack surfaces. Kim and Griffith (10} published resu:
very fine grained (c.aum” F/M 7041 alloy tested at H=i.:
agree very well with cur Al-Zn-Mg-Cui.5 data in Figs. 2, =
cating that both alloys, which did not show any closure, have
same resistance to FCG despite different grain siues .3 zh

.
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However the amount of closure does not seem to be 3 material
constant controlled bty the grain size zaline. This must be concluded
from the results of alloy Tu where the crack opening stress inten-
sity K is found to be 7.5 MPam for CT and only 3 MFaAr tor
the le compliant small clamped specimens under pure bending.
McEvily concluded in his survey (11 that (roughness induced:
closure caused by contributions of non-mede I deformations might
be more pronounced in compliant (eg CT-spe-imens) than in stiffer
(eg SENT or CCP) specimens. From this point ~f view it is less
surprising that Paauw and Bardal's (12) FCG data obtained frem SENT
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specimens of extruded Al-Mg-Si tested at R=0.1 coincide with our
data in Fig. 4 including the transition range though they did not
correct for closure.

Moderately overaged Al-Mg-Si alloys (72 h/180 °C) still contain
shearable precipitates of needle to rodlike shape. This was con-
firmed by elctron diffraction methods (Westengen (13)). The primary
effect of overaging is therefore to increase the mean distance
between these praticles which could give the explanition for the
fact that the overaged alloys in Fig. 4 show their transition
between the lower and upper scatterband at higher values of
AKe £ The same result for aluminium alloy 7475 was reported by
Carger et al (14). They too did not find a distinct influence of
grain size. In both states cof aging our manganese containing allocy
MH had a lower transition than MF probably due to dispersoids,
which tend to homogenize the slip distribution and thus should
reduce slip band cracking.

The coincidence of the FCG curves in Figs. 3a, b and 4 and the
agreement with the literature discussed above emphasizes, that only
DK should be used for the presentation of FCG data and that
thé influence of microstructure in this description is limited to
the individual positions of the transition ranges if FCG along
grainboundaries is not a dominant mechanism (4). The upper scatter-
pand in these figures correspond to the striation mechanism of
FCG, whereas the lower band is associated with a crystallographic
ifaceted; mode. Only in the transition range of alloy MF a certain
contribution of intergranular FCG was observed. & similar fracture
mecrphclogy is reported by Jono and Song (15) for an A5083-0 alumi-
nium alloy and by Stofanak et al (16) for an Al-Mg-Si alloy. Such a
transition due to a change of the FCG mechanisms has been reported
alsc for other alloys (eg titanium alloys (15}, (16), (17} and
nickel base alloys (16)). The FCG behaviour of the present alloys
car: be described by a modified Paris expression

3 ! v \M

da/dN = A (AKeff/E, ................ (1)
with m=2, the dimensioniess constant A'=8 for striated and A'=0.%
tor faceted growth. Eq 1 and A'=8 was reported tc describe tne
macrcscopic crack advance (19) as well as the striation spacing
(203, (21) of a variety of different metals. No such e: ressicn
for faceted growth with m=2 A'=0.8 is reported but also the afcre-
menticned results for titanium- and nickelbase alloys agree with
it.

Assuming that the lowest physically meaningful FCGR in the
trreshcld ~ondition ccours in the faceted mode (A'=0.8) and is
Zivern ty the interatomic spacing (eg 0.28 nm for Al'. Eq 3 2an be
rearranged to
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Eq 2 is in agreement with the result (1.6%10™°/@ ) derived by
Liaw et al (22), who compiled threshold values of different
materials from literature.

All FCG expressions similar to Eq (1) which are applicable
over a wider range of &K , when the mechanisms of FCG change,
mist therefore have an eXponent m>2 as shown convincingly by
Speidel (23). He investigated the FCG of the widest variety of
materials known to the psgsent authors and suggests to use Eq (1)
with m=3.5 and A'=5.1%10" (the FCGR da/dN is obtained in m/cycle
when K is inserted in MPa/m and E in MPa). This relationship
also describes our data in Figs. 3a, b and 4 very well.

This discussion shows clearly that the normalisation of AK with
the modulus of elasticity used in the empirical Egq (3) is very
useful as the FCG and threshold data of different alloys in air are
rationalized.OK/E has the physical meaning of a strain-intensity
factor (Donahue 24)) and a few theoretical models just predizt =
simple dependency of the FCGR form the square cf tne elastic stiralr

intensity factor in a limited range of dardN ‘u2vy, 2u), 27
CONCLUSION
Trne presented results from commercial aluminium 3licvo shiw that I

toe closure corrected dasdN vs e L presentation -
. . o~ N = L A N . :
grain sizessha:e influence and only a mincr inliuence of aispercol:

content and state of aging could be observed. For damage Loieranco
design concepts always threshold values and FOG data elther rmea-

sured at high & eg for tne condition X .= | or those

correctad for closure should be .aken. B a7 ipst estimate of oo
threshcld E5 (2) can be used. To be on the safe side Eg (1@ with
Z=8 or perhaps Speidel's expression and assumptionOK .. =OK

should be adopted to calczulate the FCGR at low and me8itm values of
AK. This cooncept can also help tc estimate the growth of small
cracks {a 10um, as shown by Detert and Scheffel (28).
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FATIGUE CRACK GROWTH BEHAVIQUR OF A356-T6 CAST ALUMINUM ALLOY

C.C. Wigant”™ and R.I. Stephens

Constant amplitude fatigue crack growth behavior was
obtained for A356-T6 (Al7SiMg) cas& aluminum_alloy
for crack growth rates between 10~ 1 and 10”

m/cycle with R ratios of 0.1 and 0.5, Three
different mold temperatures resulted in secondary
dendritic arm spacings (DAS) to vary from about 80
to 90 um, resulting in only coarse microstructure.
Threshold levels, AKt , and the Paris exponent, m,
were approximately tw?ce the values usually found
for wrought aluminum alloys. The influence of R
ratio was quite pronounced and crack closure, as
measured with a crack mouth COD gage, did not
eliminate threshold and near-threshold R ratio dif-
ferences. Roughness-induced crack closure was no
doubt more important than plasticity-induced closure.

INTRODUCTION

Fatigue crack growth behavior of cast aluminum alloys has been
investigated recently by only a few researchers (1- {. This6paper
involves the fatigue crack growth behavior from 107'* to 107
m/cycle for A356-T6 (Al17SiMg) cast aluminum alloy. The material
was part of the recent SAE Fatigue Design and Evaluation
committee's round robin low cycle fatigue program. The material
was chosen because of its use in the ground vehicle industry.

TEST MATERIALS AND PROCEDURES

The chemistry of the A356-T6 cast aluminum alloy is given in Table
1. Castings were formed as 25 mm thick near net Shape compact
type, CT, blocks that were formed by pouring the molten aluminum
alloy, at 704°C, into permanent molds., The permanent molds were
at room temperature, 538°C or 982°C in order to hopefully obtain
three different ccoling rates and hence three different micro-
structures or secondary dendritic arm spacing (DAS). The three

* Research Assistant and Professor, respectively, Mechanical

Engineering Department, The University of lowa, Iowa City,
Iowa 52242, USA.
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materials are designated X, Y and Z, respectively. After
solidification, all castings were heat treated to the T6
condition, The microstructures resulting from the three mold
temperatures and heat treatment however were all very similar with
respect to eutectic structure and DAS. The DAS was about 80 um
for X and about 90 um for Y and Z materials. Thus, even though
three different permanent mold temperatures were used, essentially
only one cooling rate or microstructure was obtained in these CT
castings. The microstructure was classified as coarse. Porosity
was less than one percent in all three materials,

Monotonic tensile properties were obtained from axial
cylindrical specimens poured under the same conditions as the CT
specimens, However the as-cast cylindrical test diameters were
about 11 mm which were then ground to 9.5 mm. These smaller size
castings had smaller DAS values and hence slightly different
properties than the CT castings. The monotonic properties are
listed in Table 2 as reasonable values for the CT specimens.
Values of hardness and Young's modulus were essentially the same
for all three materials, while the ultimate strength, Sys_and the
.2% yield strength, Sy, varied by less than 10 percent. The low
percent elongation (< 3%) and Tow percent reduction in area
(< 3%) indicated brittle tensile behavior for all three materials.
Under low cycle strain-controlled fatigue conditions, all three
materials had similar cyclic strain hardening behavior (6).

Compact type, CT, specimens were used for all fatigue crack
growth tests. Two 9.1 mm thick specimens with H/w = 0.49 and
w = 71 mm were machined from each cast block. Both sides of the
specimen were polished in the crack growth region in order to

TABLE 1 - Chemistry A356-T6 Cast Aluminum Alloy (% Weight)

Cu Fe Mn Si Mg In Ti Ag
0.01 0.01 0.01 7.25 0.36 0.01 0.02 BASE

TABLE 2 - Average Tensile Properties and Hardness of A356-T6

X Y z
Sy - MPa 231 224 218
S, - MPa 276 267 255
E - GPa 71 70 71
% RA 3.3 2.5 3.2
HB (10/500/15) 93 93 93
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better monitor crack growth using a 32X travelling telescope.
Tests were run at room temperature with a frequency between 30 and
40 Hz using an 89 kN closed-loop electrohydraulic test system.
Crack closure was monitored using a crack mouth opening
displacement (COD) clip gage. Load versus COD data were obtained
periodically during the testing at which time the frequency was
dropped to 1 Hz. Precracking was done following ASTM standard
E647 using a manual load shedding procedure. Crack extension
during each preloading step was usually less than the E647
recommedation, but greater than the plane stress plastic zone
size. Fatigue crack growth data were obtained for all three
materials with R ratios (P equal to 0.1 and 0.5. Region
I data (threshold and near %Rresﬁo]d) were obtained using a manual
decreasing and increasing load step procedure suggested by Bucci
(7). Load steps were from 2 - 8% and crack extensions at a given
Toad were between 0.2 and 1.6 mm, The absolute value of the K-
gradient C given by

- |(1/K)(dx/da) (1)

was always less than 0.08 mn'l as recommended by Bucci (7). The
secant method was used to reduc the sgep test data to da/dN
versus AK. Region II data (10 - 107° m/cycle) were obtained
principally under constant load amplitude as recommended in ASTM
Standard E647. However, some of the increasing load step tests
reached 10°° m/cycle and after that rate, these specimens were run
at constant load amplitude, Some_decreasing load step tests also
had da/dN values greater than 107° m/cycle.

The nominal crack growth surface path was essentially
perpendicular to the applied load, however the local surface crack
paths were very erratic. This caused less continuity in the a vs.
N data than usually found with wrought aluminum alloys. All crack
growth data were reduced to da/dN vs, AK using either a secant
method or a seven point second order incremental polynomial.

TEST RESULTS AND DISCUSSION

da/dN versus applied AK are shown in Fig. 1 for each of the three
A356-T6 cast materials. Solid data points are for R = 0.5 and
open data points are for R = 0,1, Substantial scatter is evident
along with the effect of R ratio. The greatest scatter occurred
with R = 0.1 principally in Region Il. Here, higher da/dN values
resulted with the increasing or decreasing load step tests than
with the constant load amplitude tests. This unusual scatter is
attributed to differences in crack closure and experimental
procedures. All the da/dN vs. applied &K data have been
superimposed in Fig. 2 for better compariscn. The solid inclined
line separates the two R ratios. The greater R = 0.1 scatter is
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evident, along with the definite shift in R ratio results. For a
given R ratio, the three cast materials have very nearly the STBe
fatigue crack growth behavior. Threshold values, &K b at 10°
m/cycle and the Paris equation coefficients and expoﬁents are
given in Table 3, where

da m
m= A(&K) (2)

Only constant load amplitude data were used in determining the
values of A and m,

From Figs. 1 and 2 and Table 3, it is seen that the Region II
exponent m is very high with values for R = 0.1 ranging from 7.9
to 11.2 and values for R = 0.5 ranging from 5 to 8.4. AKt values
are also very high with values for R = 0.1 ranging from 6.8 to
6.9 MPa/m and values for R = 0.5 ranging from 3.6 to 4.0 MPa/m.
The highest values of &K for stable fatigue crack growth were
approximately 20 and 10 MPa/m, respectively, for R = 0.1 and
0.5. Thus, fatigue crack growth has a very narrow band of AK for
these similar A356-T6 castings., Wrought aluminum alloys usually
have a wider range of applicable &K values.

Crack opening loads were determined from load vs. COD curves
obtained in both Regions I and II. P, was determined by
extending the two linear portions of gﬁe curves. The
intersections were defined as P p No deviation from linearity
occurred for R = 0.5 tests whicg indicated no crack closure was
involved with R = 0.5 tests, based upon COD measurements. A plot
of Pop/P ax ¥S- applied & for R = 0.1 is given in Fig. 3 for the
three maTerials. The open data points represent Region I while

the closed data points represent Region II. 1In Region !, the Pop

TABLE 3 - Threshold Values and Paris Equation Parameters of
A356-T6 {units: MPas/m and m/cycle)

Material Loading XKin (AKth)gff

Designation Condition MPa/m MPavm A m
. R = 0.1 6.0 3.7 1.5 x 10720 11,2

= 0.5 4,2 4.2 2.2 x 10719 8.4

; R = 0.1 6.2 3.0 5.4 x 10717 8.0

= 0.5 3.6 3.6 7.0 x 10715 7.9

, R = 0.1 6.9 1.3 8.6 x 10°%7 7.9

= 0.5 4.0 4.0 1.2 x 10712 5.0
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values ranged from about 50 to 75 percent of Pma while in Region
IT this percentage was about 20 to 80 percent. fhus, crack
closure is of greater importance in Region I compared to Region Il
for these cast aluminum materials.

was used to determine the crack opening stress intensity

An effective stress intensity factor AKe was then

p
0
factor R o

defined gg

BReofr = Xmax - Kop (3)

da/dN vs. &K data are given in Fig, 4 for each of the three
materials. ?ﬂg solid data points are for R = 0.1 and the open
data points are for R = 0,5, Since no closure occurred for R =
0.5, &K ff and applied &K are the same for this R ratio. For each
materia?, it appears that crack closure can account for the R
ratio effect in Region [I, while for Region I, the R = 0,1
effective data "overshoot" the R = 0.5 data. This may be due to
insufficient COD gage sensitivity. Superposition of all the data
from Fig. 4 is given in Fig. 5 where again, solid data points are
for R = 0.1 and open data points are for R = 0.5. Effective
values of &K p were ?Btained using a linear regression and
extrapolatioﬁ to 107°Y m/cycle. These values, (&K h) cgy are
given in Table 3. All values are quite similar eerpg‘For
material Z with R = 0.1 which had extremely high crack opening
loads and could be suspect.

Figure 6 shows the macro fatigue crack growth surfaces of
material X at near threshold regions for R ratios of 0.1 and
0.5. It is seen that higher growth rates produced rougher
textured areas, with the near threshold growth rates producing a
smooth texture. This was seen for all three materials and was due
to greater crack closure and fretting at low AK values. The R =
0.5 surfaces also exhibited this smoothness, indicating crack
closure was present during R = 0.5 near threshold testing. This
is contrary to the load vs. COD results.

Figure 7 shows the macro fatigue crack growth surfaces of
material Y for Region II constant load amplitude testing. These
surfaces are similar to that for the other two materials in Region
II. Both R = 0.1 and 0.5 fatigue surfaces have the same rough
texture,

Figure 8a and 8b show typical low magnification SEM
fractographic features. The crack growth direction is from bottom
to top. Figure 8a shows narrow ridges that formed as the crack
advanced. This feather-1ike feature was common for the lower
crack growth rates. Figure 8b shows B-platelets and porosity
which were common for all crack growth rates.
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Figure 9a and 9b show typical higher magnification SEM
fractographic features. In Fig, 9a it appears that rubbing of the
near threshold crack surfaces due to crack closure occurred, This
was often found in the R = 0.1 tests, but was also found for the R
= 0.5 tests providing more evidence that crack closure was
present, at times, during R = 0,5 tests. The secondary cracking
and elongated cgllular structure seen in Fig. 9b were very common
for da/dN > 10 ~ m/cycle. Localized poorly defined striations
were occasionally found.

SUMMARY AND CONCLUSIONS

1. The microstructure, fatigue crack growth behavior and fracture

surface morphology were very similar for all three A356-T6

cast materials.

AKt and the Paris exponent m were much higher (about a factor

of B) than for most wrought aluminum alloys.

3. Crack growth rates were increased and AKth was decreased by
increasing the R ratio from 0.1 to 0.5.

4, Crack closure was no doubt roughness-induced rather than
plasticity-induced.

5. Crack closure as measured with a crack mouth COD gage did not
eliminate R ratio effects in the near threshold and threshold
regions and even over-corrected some data.
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STRIATIONS AND THE FATIGUE GROWTH MECHANISM IN A MICRO-ALLOYED

STEEL

H.J. Roven‘, M.A. Lang¢y2 and E. Nesz

The fatigque crack growth mechanism has been studied
in a microalloyed steel in laboratory air at
constant 1locad ratio. A striation mechanism was

found to dominate both the AKth - and Paris law

region. The striation spacing was constant over
four orders of magnitude of crack growth rates
whereas the classical “one cycle per striation*
spacings only occured in a small fraction of the
Paris law reqgime. The crack deformation zone con-
tained subgrains with a decreasing size as the
fracture plane was approached. A model is developed
to describe the observed empirical connection bet-
ween AK and Ns(number of cycles per striation). The

crack growth equation in this model is in accor-
dance with the "accumulated damage" philosophy.

INTRODUCTION

buring the last 20 years a series of models for the fatigue
propagation process (FCP) have been suggested. The models
divided into three dgroups, as suggested by Bailon and Ant 1. ..
(1): (I) Empirical models (2-8), (Il) dislocation based

(9,10),

LN

and (III) micro low-cycle fatigue models (11

the empirical models, the Parls equation developead
concepts of linear elastic fracture mechanics, seem:
well to experimental data in general:

Where

da/dn = ¢, (ak)™

C and m are experimental constant .

intensity factor lying between two asymtot.. .

stress
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Laird and Smith (16) maintained that there is one general
mechanism of fatique crack growth in ductile materials which is
formation of ductile striations by the crack tip “plastic blunting
process". Based upon the experiments from Forsyth and Ryder (17)
it was generally agreed that one striation is formed during each
load cycle. Extensive fractographic research over the last 30
years, however, have shown that this basic idea is not always ful-
filled and alternative mechanisms have been suggested (9-15).
Fractographic examinations of Al, Cu, ~y-Fe and Ti-alloys have
shown that striation formgsion is }&mited to crack growth rates
approximately between 10 to 10 ° m/cycle (18). At crack growth
rates below a certain value, the striation spacing, s, has been
reported to exceed the corresponding macroscopic qgrowth increment
per cycle in ferritic steels (19), maraging steels (20), auste-
nitic steels (21-22), QT-steels (23) and two Al-alloys (24). A one
cycle per striap&on megyanism is normally observed at crack growth
rates above 10 - 10 ° m/cycle (19-24). However, ultralow macro-
scopic growth rates much lower than a Burgers-vector advance per
cycle have been observed in conventional metallic alloys (18).
This may indicate that the crack advances in a discontinuous
fashion, extending by some multiple of the Burgers-vector and then
arresting for some cycles. The objective of the present work was
to follow in detail the striation formation over a wide range of
crack growth rates in a microalloyed steel. Emphasis was directed
towards an establishment of a detailed quantitative picture of the
striation formation and the deformation zone substructure. A
micro-mechanism model for fatigue crack growth in the low and
intermediate AK-region is developed and discussed in terms of the
experimental data.

MATERIAL AND EXPERJMENTAL INVESTIGATION

A normalized microalloyed steel (0.09 C, 0.38 Si, 1.46 Mn, 0.25
Ni, 0.025 Nb, 0.02 cr, 0.003 v, 0.011 Ti, 0.029 Al) with yield
strength 373 MPa and UTS 494 MPa was used in this investigation.
The pearlite content was 10% ferrite grain size 10 ym and
pearlite grain size was 6 pm. Standardized compact tension
specimens (25) with dimensions W=60 mm and B=10 mm was used in the
crack growth experiments. The crack growth data were obtained in
laboratory air (25 - 55 % relative humidity) by using a servo-
hydraulic 100 kN MTS machine, R=0.5, F=50 Hz sine (AK ¢ 20

MPam ) and F=10 Hz (4K > 20 MPam1/ ). Crack advance was measured
from both sides on electropolished surfaces with optical micro-
scopes (63x) and a stepped load shedding technique (26) was used

to o?tain the AK versus da/dN data for AK ¢ 20 MPm1 . For AK > 20
MPam the tests were conducted at constant load amplitude.

Crack closure measurements were carried out by using both a

back face strain gage and a clip on gage at F=0.t1 Hz. Fracture
surfaces of fatigued specimens were examined in a JEOL JSM 840
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scanning electron microscope. The primary goal was to establish a
detailed quantitative picture of the fracture surface morphology.
Fractographs at 10.000x magnification were used and striations
spacings, s-values, were measured from, in average, 50 striations
at each AK-level. In this work the quantity “striation spacing"
means the distance between "tops" of two neighbouring striations
in the direction parallel to the microgrowth direction. From the
measured macroscopic crack growth rate and the striation spacing
the quantity Ns (=number of cycles per striation) was calculated.

To study the deformation substructure close to the fatigue
fracture plane, the fracture surfaces were Fe-plated, sectioned
and electropolished before SEM investigation in the channeling
contrast mode. Thin foil sections were also studied in a 200 kv
TEM. The surface plated specimens used were taken normal to the
crack plane and contained the crack growth direction. The investi-
gated specimens corresponded to the upper part of the linear Paris
region.

RESULTS AND DISCUSSION

Fatique crack qgrowth

The fatigue crack growth rate versus effective stress-
intensity data for the investigated material are shown in Figure
1. Crack closure was detected for the given experimental con-

ditions for AK < 11 MPam / . The closure stress intensity, Kcl‘

seemed to be influenced by the previous load block and hence a
plasticity induced closure (6) may be operating. The Paris law
rela;&on was asgymed to apply in the crack growth rate range
1x10 to 6x10 = m/cycle. In the statistical calculations a loga-
ritmic normal distribution of crack growth data was assumed (27).

Fractography - striation formatign

Fractographic studies in SEM showed that formation of trans-
granular ductile striations is the most dominating feature in the

Akth-region {(Figure 2), 1in the 1lincar Paris region and still

occurs to a large extent as the crack propagation rate approaches
the unstable fracture mode. The frequent observations of
striations in the AKth-region, where the macroscopic crack growth
rate per cycle is only a fraction of the Burgers-vector, are not
in accordance with the faceted growth reported in this regime in
carbon and QT-steels (30), Al-, Cu-, Ti- and Ni-alloys (31). The
present work showed the presence of striations in addition to such
intergranular facets as the Axeff approached values corresponding
to a reversible plastic zone diameter equal to the ferrite grain
size. Above and below this narrow AK-regime where some faceted
growth was observed, striation formation was the dominating
feature. According to (18) striations are not detected below
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2x10° 8 m/cycle since their spacings are reduced below the reso-
lution Llimit of the electron microscope. This is true only if the
striation spacings correspond to the incremental advance of the
crack after each cycle. A constant striation spacing, s=0.23 +/-
0.05 um, is observed over almost four orders of magnitude of crack

propagation rates from da/dN=3x10"' m/cycle (AKeff,th=2.3HPam1/2)

to da/dN = 2.3x10°7 m/cycle (sK=34 MPam'/?), It follows from these
results that as long as da/dN < 2.3x10° m/cycle the striation
spacing is greater than the crack advance increment per cycle
indicated by the measured macroscopic growth rate. The same
tendency has been reported by other investigators on different
steels and Al-alloys (19-24). 1In Ref. (23) they suggest that a
greater striation spacing is caused by a decreasing area fraction
of striations at low stress intensities. This is not in accordance
with our observation. Close to the threshold stress intensity, the
area fraction of striations is still close to a 100%. In addition,
the presence or absence of intergranular facets do not appear to
have much direct affect on near threshold crack rates (31). Expe-
riments carried out on an Al-Cu alloy (29), showed that a constant
striation spacing was left behind the advancing crack when Knin <

Kcl' while at Knin) K 1’ varying spacing was observed. Our results

are not in accordance with these observations since a constant
striation spacing 1is observed at AK-levels where there are no
measured crack closure.

AK versus NS relationship

In quantitative terms the number of cycles per striation, NS,
versus the effective stress intensity range, Axeff' (Figure 3) fit
well to an empirical relationship of the form:

=c. -nN9 (2)

where Cz and q are constants. In the present work C2 = 331

(HPam1/ ) and g= 0.34. The validity of this relation over three
orders of magnitude in Ns is demonstrated in Figure 3. The spacing
seems to increase towards a value which fits th? glassical ‘one
cycle per striation" (16,17) for AK > 34 MPam / . It is worth
emphasizing that this latter correspondence between striation
spacing and macroscopic crack growth rate only operates in
approximately one third order of magnitude of growth rate in the

upper AK-range from 34 HPan1’2 (da/dN = 2.3 x 10'7 m/cycle) to AK

= 45 MPam (da/dN = 5.2x10'7 m/cycle). In this regime we have
the following relationship between the spacing s and AK:
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n
s

s = C3 - (4&K) (3)

where CJ and B are constants. Our data give m = 2.69.

Such relationships have been reported by other authors (20,
32). The exponent LN should in this case approach the exponent m

(EQ. 1) in accordance with the present observations.

Deformation structure

The sectioned plated specimens used for deformation structure
studies close to the fracture plane revealed the formation of an
almost equiaxed subgrain structure. Both micrographs in SEM
(Figure 4) and TEM showed subgrain formation. The subgrain size
seemed to decrease rapidly as the fracture plane was approached.
An interesting observation was that the subgrain size very close
to the crack plane was in the same range as the constant striation
spacing, i.e. approximately 0.2 - 0.3 pm. A strain gradient re-
flected by a decreasing subgrain size has also been observed in a
low carbon steel (33), but the minimum size was considerably
larger (1 -~ 2 um). On the other hand, in Cu and Al the minimum
subgrain size have been reported down to 0.1 - 0.2 um (34,35).
From this we suggest that there is a close connection between the
striation growth mechanism and the plastic zone deformation sub-
structure and further work should be carried out along these
lines.

A el for stri rowth

From the above results on striation formation and striati99
spacings, it is reasonable to believe that below da/dN = 2.3x10
m/cycle the crack front advances in a discontinuous way. A
fraction X of the crack front extends by an increwment equal to the
striation spacing during one cycle. In the same cycle the
remaining fraction of the crack front (1-X) is resting. This
process 1is continued until the entire crack front have advanced
the striation spacing distance s. In other words, each striation
with a width coxresponding to the fraction X of the specimen
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thickness, rests for N5 cycles. Then it suddenly, during one

cycle, advances the distance s again. In our model it is assumed
that the number of cycles required to generate a local incremental
jump of the crack front is related to the plastic zone strain,

Ae , through a Coffin-Manson relation Ae_ = Co (N) b. Further, by

assuming that the plastic strain range at the crack tip is
Ae =CTOD/d (where d is a parameter of dimension length and a cha-

racteristic of the material) and that cyclic CTOD = AKefEZ/E~oyc),
the following relationship is derived:

=(C -E-o . d)1/2 . N-b/Z

AKeff o) yc s

(4)

When using low cycle fatigue (LCF) data from the same material
(C°= 1.19, b = 0.62, E = 206 GPa and o c " 373 MPa) and assuming
Eq. 2 identical to Eq. 4 the parameter d becomes d = 12 pm. It i5
interesting to note that this value of d is almost identical to
the ferrite grain size (10 uym). Further, LCF data have confirmed
that the exponent in Eq. 2, q(=0.34), is very close to b/2(=0.31).
Eq. 4 is in convincingly good agreement to experimental data under
the given experimental conditions. This model shows an interesting
connection between the LCF and the FCP-process on both a micro-and
macroscopic level. By assuming Ns > 1 the following equation for

the FCP-process is derived:

2/b
(AKeff)

da/dN = 5 -

(%)

. ) . q) /b
(E oyc Co d)

This equation is only valid when the striation spacing is indepen-
dent of AK and NS > 1. Eq. 5 is very similar to the “accumulated

damage" philosophy models suggested by other authors (11,12). At
higher stress intensity levels where N_ = 1, the mechanisms taken

care of by the above model are considered to have neglectible
influence to the fatigue crack growth rate. Other models based
upon a crack advance per cycle proportional to the CTOD (36) may
be of importance in the upper part of the Paris region (37).

CONCLUSIONS

From the present work on fatigue crack growth in a microalloyed

steel, we conclude (constant load ratio, laboratory air):

- the fatigue striation nechan}?r is donipftinq the FCP-process
in the crack growth range 3x10 to 6x10 m/cycle.

- a constant striation spacing 1s operating over almost four
decades of crack propagation rates and the classical "one cycle
per striation" appears only in a narrow regime of one third
decade of propagation rates.
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an ‘“accumuylated damage" model for the FCP-process where the
number of cycles per striation is greater than one, is
developed. The model shows convincingly good agreement between
LCF-data, crack growth rate data and the measured constant
striation spacing.
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SYMBOLS USED

b = power exponent in the Coffin-Manson expression
Co = constant in the Coffin-Manson expression

d = material constant of dimension length

L = power exponent in s versus Ns expression

Ns = number of cycles per striation

q = power exponent in AKeff versus Ns expression

s = striation spacing

bRoee = Knax ~ a1

°yc = cyclic yield strength
Acp = plastic strain range
X = fraction of crack front
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SIGNIFICANCE OF FATIGUE CRACK CLOSURE
UNDER SPECTRUM LOADING

R. Sunder*

A numerical study was made to evaluate the significance
of fatigue crack closure under spectrum loading. It
uses a reasonably accurate crack growth prediction
model to assess the effect of variation in crack
closure stress on predicted life, It is shown that
precise knowledge of crack closure stress can be
crucial to life estimates. The degree to which this
precision will affect accuracy of 1life estimates
depends on crack growth properties of the material as
well as the nature of the load spectrum. dK/da and net
stress effects on crack growth are also considered.

INTRODUCTION

The fatigue crack closure phenomenon (Elber (1)) explains fatigue crack
propagation (FCP) behaviour under complex load sequences. A number of
closure-based methods are now available to predict the FCP process under
spectrum loading (Newman (2), de Koning and Linden (3), Sunder (4)). The
ones proposed by Newman (2) and de Koning (3) actually permit a
cycle-by-cycle estimate of crack closure stress and related crack extension
under any given load sequence. The method proposed by Sunder (4) is an
‘engineering’ one which essentially permits extrapolation of constant
amplitude FCP and closure data to spectrum loading without resorting to a
protracted cycle-by-cycle analysis.

Crack growth rate is a power function of effective stress intensity
range, Kepp. Obviously, errors in estimates of the crack opening stress
intensity, Kop will be magnified through this power relationship. This
raises a number of questions: How will inaccuracies in closure estimates
affect predictions for the case of spectrum loading? Will the influence
vary from material to material and spectrum to Spectrum? Experimental
studies of FCP under spectrum loading point to sizeable dK/da and net
stress effects (Schijve et all (5), Sunder (6)). Such effects appear to go
unnoticed under constant amplitude loading. Are they related to closure?

*NRC Research Associate, Air Force Materials Laboratory
AFWAL/MLLN, Wright-Patterson AFB, Oh. 45433
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This study addresses the above questions. A numerical analysis of FCP
under various aircraft spectra was made with a simulation of minor
variations in crack closure stress, Sop- The next section describes the
load spectra and life prediction technique used. This is followed by an
analysis of the spectra and evaluation of variation in predicted FCP life
with change in Sgp.

ANALYTICAL PROCEDURES

This section describes the analytical procedures used in the study. These
include the material and load spectra considered and the FCP life
prediction technique.

Material and Load Spectra were the same as those used in an elaborate round
robin study carried out in the United States to evaluate the FCP life
prediction capability of five different techniques under random loading.
Ref. 2 contains a detailed description of this study. Its salient features
are listed below.

The study was on 6.35 mm thick, 150 mm wide center cracked specimens
of 2219-T851 alluminium alloy sheet material. Baseline crack growth rate
(da/dN) data for the material at different stress ratios were provided for
use in the predictions. The five load spectra were provided as tables of
load sequences (peak/trough excursions). These are graphically shown in
Fig.1. Repetitive blocks of these loads were applied in the tests.
Typically we see characteristic manoevre loads in the fighter spectra and
gust loads in the transport spectrum. In some of the sequences one can
clearly see the periodic downward load excursions associated with the
Ground-Air-Ground (GAG) cycle.

The experimental programme in (2) included tests under each of the
spectra at two or three stress levels. Thus a total of 13 tests were
conducted, 11 for the fighter spectra .nd two under the transport spectrum.
The FCP 1lives were compared to predictions from individual methods.
Interestingly, almost all predictions were within a factor of two.

Life Prediction Method. For this study, we chose the method proposed by
Sunder (4) in view of its simplicity, minimal computational overhead and
good prediction accuracy. The technique assumes that crack closure arcounts
for all of the retardation and acceleration one may observe under spectrum
loading FCP. Further, it is assumed that crack closure under repetitive
blocks of random loading is stable and controlled by the extreme loads in
the block (provided of course such blocks repeat before the crack grows out
of the plastic zone created by a previous block). Observations by Elber
(7), Newman (2) and Schijve (8) strongly support this assumption.

The load sequences in Fig.1 show excursions - not complete (fatigue)
load cycles. To enable FCP analysis, these sequences have first to be
'reduced' to closed fatigue cycles. This is done using the Rainflow cycle
counting technique (Matsuishi and Endo (9)) whose validity for FCP analysis
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under random loading was experimentally validated by Sunder et al (10).
Assuming Sop=Const. and K to change insignificantly over a block of
loading, average growth rate (da/dN),, over a block of n cycles can be
considered load sequence insensitive and described by the following
relationship representing linear damage accumulation in FCP:

da -_‘-n'( .-4"'{"-[5 - S }
where, X - is stress intensity due to unit stress and Smax,i and Syin,{ are
the maximum and minimum stress respectively in cycle i. The max function
accounts for the possibility that Spj, can exceed Sop' Sop is determined
from constant amplitude closure data corresponding to the highest Sp,y and
lowest Spip in the block. The da/dN equation as a function of Kepp can be
any suitable one. In this study, we used the modified Elber equation
proposed by Newman (2).

In view of the sequence independence of the above equation, FCP life
can be determined by numerical integration of its inverse from initial
crack length to failure. This procedure requires negligible computation
time when compared to cycle-by-cycle analysis.

RESULTS AND DISCUSSION

Fig.2 summarises the analysis of the five spectra in Fig.1. Results for the
Air-to-Ground case were similar to Air-to-Air and excluded from the figure.
Three curves are shown for each spectrum. All three are plotted as
percentage versus exceedance.

The first curve is exceedance of applied ranges. This curve shows the
results of Rainflow analysis which counted closed cycles, each with a range
and mean. Ignoring the mean, ranges were plotted as percentage of maximum
counted range (highest load minus lowest load) versus exceedance. This
curve describes spectrum severity.

The second curve provides the crack closure viewpoint on the spectrum,
It shows the exceedance of effective ranges (percentage of maximum applied
range) - Rainflow counted after accounting for crack closure, In the first
curve, we lost all information on stress ratio. The second curve overcomes
this loss by considering closure - and through it, accounting for stress
ratio and history effects.

The third curve represents relative damage contribution from the
different effective ranges. In computing this curve, it was assumed that
growth rate is proportional to effective range raised to the power 3 (the
exponent in da/dN equation for 2219-T851 was 3.18 (2)). This damage curve
is valid for the intermediate range of growth rates. At very low and very
high stress intensity, the exponent would be higher,

The format representing the three curves in Fig.2 permits a

qualitative assessment of the significance of crack closure. We find that
in all the fighter spectra, closure accounts for some reduction in
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effective range. In the case of the transport spectrum, the applied and
effective range curves coincide for almost 99% of the load cycles -
indicating a fully open crack. A glance at Fig.l explains why this is so -
the bulk of load cycles in the transport spectrum were at high stress
ratio, The damage curve provides the weightage to draw meaningful
conclusions. We find for example that in case of the fighter spectra, 10%
of the severest load cycles contribute to 50% of damage (crack growth). In
the transport spectrum, 60% of the damage is caused by just 1% of the
cycles (the GAG cycle).

The applied ranges curve essentially represents the spectrum itself.
The effective ranges curve and consequently the damage curve also reflect
crack closure and growth rate behaviour of a specific material under the
spectrum, If there was no crack closure, the effective and applied ranges
would coincide (provided no negative loads were involved). Any change in
closure stress will correspondingly shift the effective range curve
downwards. The effect of that shift will not be uniform from the damage
viewpoint. For example, the small ranges will react differently depending
on the load spectrum. Consider the Air-to-Air and transport spectra. In the
Afr-to-Air case, some 90% of the cycles (towards the lower ranges) have an
effective range about 70% of the applied range. A variation in Sop causing
a small (10%) variation in effective range for the larger cycles would
cause a much greater change (20 to 50%) in the effective range of smaller
cycles, leading to an appropriate effect on FCP life. This will not happen
in the case of the transport spectrum. Here we have 99% of the cycles
seeing no closure -~ if Sop varies only slightly, these cycles may not see
the difference (being always open).

The effect of small variations in Sop presents a question of practical
relevance. Crack closure - based predictions of FCP life rely heavily on
the precision of Sop estimates. It was shown in (6) that dK/da and net
stress can strongly influence FCP under spectrum loading, supposedly
through closure.

The effect of small variations in Sop was simulated in the present
study. The validity of the life prediction technique used hinges on the
assumption that a block of loading will repeat at least once within the
monotonic plastic zone created by the last occurrence of the highest load.
To verify this assumption for all the cases studied, crack extension per
block was represented as a fraction of the current plastic zone size and
plotted versus crack length (see Fig.3). The bulk of FCP life is exhausted
in the first few mm of crack growth. From Fig.3 we find that in this
interval of crack length, the crack grew less than 20% of the plastic zone
per block (a block repeats at least five times within a plastic zone). Even
in extreme situations (high stress levels, longer crack) a block occurs at
least once within a plastic zone. These data validate the assumption that
crack closure is fairly stable and controlled by the extreme loads.

The FCP life prediction method assumes that the current crack opening

stress intensity, K, is controlled by a previous Kpzxy and Kpin,
specifically, their values when the crack was shorter by 25% of the current
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plastic 2one (Sunder (4)). This is based on the nature of closure being a
consequence of the crack wake, It makes crack closure sensitive to dK/da.
Calculations were made of Sy, variation due to Kpay (affects plastic zone
size) and dKpay/da. The resu?ts appear in Fig.4 for a practical range of
these values. We find that the dK/da effect can cause upto 10% variation in
Sop-

Newman (2) observed that the ratio of Spax to ylield stress, Sy can
also affect closure. His cata show a greater sensitivity to this ratio
under plane stress conditions and at low stress ratios. From his results,
one may conclude that a 20% variation in Sy, related exclusively to Spax/Sy
may not be unusual, particularly with reference to spectrum loading where
the fairly high infrequent load excursions have a low stress ratio and
cause near yield conditions.

To estimate the extent to which FCP life predictions can be affected
by variations in Sopv FCP life was computed for the five different spectra
and (for comparison) under constant amplitude loading. These results are
summarised in Figs.5,6. Fig.5 shows data for the 2219-T851. Fig.6 covers
the hypothetical case of a much higher baseline Sgp (Sop/Spax=0.5).
Calculations were made for all 13 test conditions reported in (2) but only
two are shown in the figures.

From Fig.5, we see that for constant amplitude loading, a 20% change
in SOp causes a 30% change in growth rate (life). Under the fighter
spectrum however, the same change in Sop induces almost a factor of two
variation in FCP life. Similar variations were observed for the other
fighter spectra. Interestingly, FCP life under transport spectrum loading
remained relatively insensitive to the Sy, change, even when compared to
constant amplitude loading. For the hypothetical baseline Sop/smax=0°5 the
changes in FCP life are more dramatic but still less so for the transport
spectrum. The discussion earlier on the relationship between applied and
effective ranges for the different spectra as influenced by closure
provides a qualitative explanation for these observations.

CONCLUDING REMARKS

The study showed that depending on the load spectrum (fighter/transport)
and the material (high/low closure, growth rate exponent), the effect of
change in crack closure stress on FCP life can be varied. Specifically, one
may conclude that fighter spectrum FCP 1life prediction will be more
sensitive to the precision of crack closure estimates than constant
amplitude FCP 1life. This sensitivity will be greater for materials
exhibiting higher closure stress. Transport spectrum life predictions will
be less sensitive to errors in Sy, estimates (while closure occurs below
the bulk of load cycles). Variations in Sop caused by such 'second~ry'
effects as dk/da and net stress can noticeably affect FCF life. It is hoped
that this study can assist more confident FCP life estimates under spectrum
loading. The format of exceedance curves showing effective range and
damage exceedance can provide the basis for spectrum editing for testing
purposes.
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NEAR-THRESHOLD SHORT CRACK GROWTH BEHAVIOUR IN
NIMONIC 105

J. Byrne*

Physically short semi-elliptic and through-cracks,
0.1 to 0.4 mm in depth, were generated in Nimonic
105. These short cracks propagated at less than
the nominal AKypn for long cracks at R = 0.1 and
crack growth rates blended with the long crack re-
sults at between 0.5 to 0.65 mm crack depth. A
similar crystallographic FCG mechanism was observed
for both the short and long cracks. It is proposed
that this physically short crack growth behaviour
is due to a reduced effect of crack closure on the
short crack results.

INTRODUCTION

There continues to be a major interest in the fatigue crack growth
(FCG) behaviour of short cracks. This stems from the observation
for short cracks of faster FCG rates and lower threshold stress in-
tensity ranges (aK¢n) than found for long cracks in conventional
fracture mechanics specimens(1,2). The practical relevance of
these studies lies in the fact that defects of small size may be
significant in highly stressed critical components(3) and short
crack FCG may constitute a high proportion of cyclic life(4).
Thus it 1is important to establish the lower Tlimits of crack
length for which linear elastic fracture mechanics (LEFM) may
satisfactorily be applied in assessing defect tolerance and
fatigue life integrity of components and structures.

There is no unique definition of a "short" crack, though in
general short crack effects have only been observed for cracks
less than about 0.5 mm in depth (or 1 mm surface length). Three
main categories have been proposed by Suresh and Ritchie(2):

*Department of Mechanical Engineering, Portsmouth Polytechnic,
Portsmouth, U.K,
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(1) the crack length is less than that of some microstruc-
tural parameter e.g. grain size;

(i1) the crack size may exceed that of the microstructure,
but characterisation of the crack tip stress field
breaks down e.g. under excessively high bulk stress or
local stress due to notches;

(iii) the crack is “physically small* such that crack clo-
sure and possibly environmental effects differ from
those found for long cracks.

In engineering components and structures, short {and indeed
many long) cracks will tend to have semi-elliptical and corner
geometries rather than be through-cracks. The behaviour of such
defect types has received considerable attention in recent years
(e.g. 5-12) and is of particular importance for gas turbine compo-
nents{(13). In an earlier paper(6) on Nimonic 105, it was found
that effective fatigue thresholds (aKeff th) for corner and semi-
elliptic cracks were consistent with those for through-thickness
cracks. However, the depths studied for the corner and semi-
elliptic cracks were in the range 0,33 to 2.42 mm which may not
be considered to be truly "shaort", The present paper describes
further FCG studies on Nimonic 105 which have been carried out
with initial crack/defect sizes between 0.11 and 0.37 mm depth.

EXPERIMENTAL DETAILS

The material studied is a nickel base alloy, Nimonic 105, in the
age-hardened condition, with a 0.2% Proof Stress (Sp) of 883 MPa
and grain size of 52 ym. Full details of the material have been
published earlier(6).

Long Crack FCG Data

Specimens were machined longitudinally from bar to produce
6 mm thick single edge notched (SEN) bend specimens (Fig. 1).
Fatigue testing was performed in room temperature air using an
Amsler Vibrophore in four-point bending, giving a test frequency
in the region of 80 to 100 Hz. A load shedding procedure was
carried out to obtain aKyp followed by grow-out to obtain FCG
data at R = 0.1 and 0.5. Threshold was defined as the condition
where no further crack growth could be detected by the direct
current potential drop (DCPD) technique after at least 10’ cycles,
This corresponds to an FCG rate of less than 5 x 10-9 mm/cycle
for a crack length increase detection sensitivity of 0.05 mm.

~ Crack closure was measured using DCPD, crack mouth opening
displacement (CMOD) measured by a conventional clip gauge and

back face strain (BFS) gauges. The procedures are described in
more detail in (6) and (8).

lub
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Short Crack Development and FCG Data

Short cracks were developed by two different methods:-

(i) Spark Erosion Damage (semi-elliptic crack). A small crater
was developed on the tension surface of plain specimens by strik-
ing an arc from a 0.5 mm diameter nichrome wire. The cratered
surface was then polished to achieve a smooth flat surface with
a central defect with a diameter of between 0.20 to 0.40 mm.
The resulting defect was, as a first approximation, initially
assumed to have an aspect ratio (c/a) of 1.

Testing was carried out in cantilever bending at 16.7 Hz on
a machine developed from the design of Pearson(10). Single
stage plastic film replication was used to monitor surface crack
length change to a sensitivity of 1 ym. Heat tinting was car-
ried out (a) at 300 °C for 2 hours when the crack had grown to
about twice the original surface length and (b) at 500 °C for &
hours when the crack was near to breaking through the edges of
the specimen. This procedure together with scanning electron
microscope (SEM) fractographic measurement of the original crater
dimensions enabled an assessment of the actual crack aspect
ratio to be made.

(ii) Far-Field Cyclic Compression {through crack development).
Here SEN specimens were loaded in the cantilever bend rig with
the notched face in compression, as previously carried out by
Christman and Suresh(14), This generates a very local decaying
tensile stress field at the notch root and the development of a
short through-crack with decelerating FCG rate and a small
crack tip plastic zone size. The notch containing material was
then machined off leaving a remnant short through-thickness
crack with an average depth of about 0.2 mm. This was followed
by a stress relief heat treatment at 600 °C for 1 hour under a
vacuum of < 5 x 1076 torr.

FCG was then monitored for these short cracks under tension
in the same cantilever bend rig at 16.7 Hz again using single
stage plastic replication (cn both faces of the specimen) to
monitor crack depth increase.

For both short crack cases testing was carried out in
room temperature air at R = 0.1,

Analysis of Crack Growth Data

FCG rates were calculated in all cases from crack depth (a)
versus cycles (N) data using a simple 3-point secant finite
difference method(15).

For the long crack data the stress intensity factor for pure
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bending(16) was used.

For the short through-crack results in cantilever bending a
finite element based solution{17) was used where:

6M
K = — (ma)t .y e (1)
. 2
BW
and,
a a 2 a 3
Y = 1,1332 - 1.2748(;5 + 4.9936(aﬁ - 3.25]5(;9
ad
+ 2.9572%? svsss (2)

For the semi-elliptic short cracks, which developed from the
spark erosion craters, the stress intensity factor was calculated
for the deepest point on the crack front using the calibration of
Shah and Kobayashi(18), where K is given by equation (1), a is
the maximum depth of the crack, 2c the surface length and Y is a
function of both a/c and a/W. For the a/c and a/W values of
this study, the review by Scott and Thorpe(19) indicates little
variation between the different stress intensity solutions pro-
posed for semi-elliptic cracks in bending.

RESULTS AND DISCUSSION

The FCG data and aKin values for both R = 0.1 and 0.5 are shown
in Fig. 2. Crack growth rates down to 0.1 nm/cycle were monitored
and average AKyp values of 8.8, 6.1 and 4.3 MPaym were found for
R = 0.1, 0.5 and 0.7 respectively. A typically strong R dependance
of near-threshold crack growth is evident with reduced sensitivity
for the mid-range ("Paris" law) regime.

Values of effective threshold stress intensity range
(8Keff.tn)» allowing for closure, were found to be 5.1 and 4.9
MPa/m for R = 0.1 and 0.5; closure was not detected at R = 0.7.
Here AKeff = Kpax - K1 where K.j defines the stress intensity
value at which the crack is indicated to stop closing by compli-
ance change using a clip gauge. An approximate aKaff versus
da/dN plot for the R = 0.1 long crack data, based on DCPD esti-
mates, is also shown in Fig. 2.

Crack growth from the spark damage craters started at
less than the nominal aK¢p value for R = 0.1 (Fig. 3). FCG rates
were monitored from surface crack lengths but are presented as
crack depth rates based on initially assuming the crack aspect
ratio c¢/a = 1, and subsequently correcting for aspect ratio when
the specimens were broken open, Figure 3 shows the results from
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four different specimens with initial defect depths estimated to
be between 0,110 and 0,178 mm (Table I). FCG data was only
analysed where fatigue cracking was detectable at both edges of
the original defect. Thus FCG rates were established for greater
than 0.1 nm/cycle. Whilst there is scatter between the sets of
data there is a similar trend evident in every case, i.e. to
grow initially at a aAK value consistent with the AKgff tp value
and for the FCG plots eventually to blend with the R =’6.1 Yong
crack data.

Values of crack depth at which the short crack FCG data
blended with the long crack data were estimated to be 0,48, 0.64,
0.48 and 0.40 mm. This is considered to be consistent with de-
fects experiencing initially little or no closure but increasingly
developing closure with increasing crack length. Closure would
be developed by increasing asperity contact because of the face-
ted crystallographic FCG mode occurring in this alloy near the
threshold.

TABLE 1 - Details of Initial Short Cracks

s Fprs "Blend"

c/a aj Ak omax ma x plane crack
(mm) } (MPaym) | (MPa) (5p) strain depth

(um) (mm)
1.0 0.150 6.0 469 0.53 0.65 0.48
0.74 0.157 5.2 354 0.40 0.49 0.64
0.85 g.110 5.3 428 0.48 0.51 0.48
0.85 0.178 7.5 475 0.53 1.01 0.40
through | 0.369 7.6 220 0.25 1.04 0.65

crack

“ou 0.233 6.0 215 0.24 0.64 0.63

Criticisms of this spark damage defect approach are first
that the original defect cannot be controlled to be a true semi-
ellipse (although the resulting fatigue cracks did develop in
this way) and second that some local metallurgical damage must
be caused. On the latter count it should be noted that no FCG
data was taken until at least a further 0.05 mm crack growth had
occurred. To counter these criticisms short through-crack re-
sults were generated using the far-field cyclic compression
method.
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A comparison between the short through crack and long crack
results is made in Fig. 4. The initial short crack lengths
developed were 0.243 and 0.369 mm (Table I) and the trend is
observed to be very similar to that for the spark damage generated
cracks. The crack lengths at which this short crack data blended
with that for long cracks at R = 0.1 were about 0.65 and 0.63 mm.
This behaviour again is consistent with the development of in-
creasing crack closure with increasing crack length,

It is considered that the cracks studied in this paper are
physically short cracks according to Suresh and Ritchie's cate-
gorisation(2), with reduced crack closure primarily explaining
the short crack behaviour., The initial crack/ defect sizes
developed were between two and seven times the average grain
diameter (52 ym) in depth. Also even the shorter crack fronts
for the semi-elliptic cracks would have sampled at least 7 grains
whilst the short through-cracks would sample over 100 grains
over the full 6 mm width of the specimen, Thus it would appear
unlikely that a significant microstructural short crack effect
is being observed. This proposal is further reinforced by exam-
ining the relationship between the plain specimen fatigue limit
(established in (8)) and both aK¢h and aAKeff th for R = 0.1,

The values of crack length, ag, below which short crack be-
haviour would be expected are indicated in the Kitagawa-Takahashi
(5) plot for semi-elliptic cracks, Fig. 5. It is considered that
the most realistic case is the semi-elliptic crack since this
is how cracks were mainly observed to initiate in plain specimen
fatigue 1imit testing(8). Fig. 5 indicates that physically short
(closure controlled) crack growth behaviour would be expected
between 77 ym and 230 ym crack depth. Making use of aKaff th @
value of ag = 77 ym is obtained which approaches the average
grain diameter. It is therefore indicated that a crack depth of
the order of the grain size would be needed before microstructur-
ally short crack behaviour would be expected.

The FCG results are presented in the well established form
of 1og aAK versus log da/dN plots for comparison of short and
long FCG rates. Such comparison if it is to be valid requires
that small-scale crack tip yielding is satisfied and that a simi-
lar FCG mechanism occurs for both the short and long cracks. As
shown in Table I, in the worst case the maximum bending stress
reached was 53% of the 0.2% proof stress for the semi-elliptic
cracks and the through-cracked specimens were only subjected to
a 25% level, The value of reversed plastic zone size (plane
strain) for the smallest crack size is less than 1/200 of crack
length (or 1/77 for the plane stress plastic zone size). It is
considered that both the nominal stress levels and plastic zone
sizes indicate that LEFM is being reasonably satisfied.

Fractographic examination on the SEM of samples from repre-
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sentative short and long crack specimens showed similar FCG
mechanisms. Thus in the near-threshold regime a predominantly
transgranular, faceted FCG mechanism was observed (Fig. 6) for
both short and long cracks. For both cases a transition in frac-
ture mode occurred at greater than a aAK of about 15 MPaym from
the crystallographic faceted mode to a predominantly striated
mode, typical of mid-range FCG in a ductile alloy. This transi-
tion from crystallographic to striated FCG mode always occurred
for the short cracks after the data had blended with the long
crack data.

CONCLUSIONS

1. The physically short cracks studied of between 0.1 to 0.4 mm
depth propagated at stress intensity range values less than
the nominal AK threshold value determined for long cracks at
the same stress ratio, R = 0.1.

2. This physically short crack growth behaviour is considered
to be due to a reduced effect of crack closure on the short
crack results and a blend with the long crack results occur-
red at between 0.5 and 0.65 mm depth.

3. A similar crystallographic "faceted" FCG mechanism was found
for both the long and short cracks studied and use of the
stress intensity factor K for these cracks appears reasonable.

4. The relationship between the fatigue T1imit and effective
AKgp indicates that a microstructurally short crack effect
on FCG rate and threshold would not be expected down to
crack lengths of the order of the grain size,
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FATIGUE CRACK PROPAGATION OF SHORT AND LONG CRACKS: PHYS,
BASIS, PREDICTION METHODS AND ENGINEERING SIGNIFICANCE

H. Nowack, R. Marissen*

In the present paper recent developments
regarding the macrocrack stage and the short
crack stage are described. It is shown that
the advanced macrocrack propagation analysis
schemes are based upon the effective stress
intensity factor, but it is also shown that
the mere consideration of AKgff was not
always sufficient.

Both from engineering and from physical view-
points concepts for the evaluation of fatigue
threshold values are of importance. Three
different concepts are compared. It is shown
that the "precracking in compression” concept
offers advantages from an engineering view-
point.

Regarding the short crack stage a low AK-
regime and a high AK-regime have to be dis-
tinguished. In the low AK-regime the thresh-
old value of short cracks and the microstruc-
ture are of special importance, whereas in
the high AK-regime the mechanical environ-
ment of the cracks plays the predominant
part. Further aspects which are important
from an engineering viewpoint as the scatter
of the short crack data and cumulative
damage analyses are also discussed.

INTRODUCTION

Mainly economical viewpoints, but also the growing com-
petition of new high strength materials as ARALL (1) and
carbon fibre reinforced plastics are main reasons, why
the design levels for metallic structures are steadily
increased. That means that further improved fatigque life
prediction methods are required, which account for the
physical causes of the (nonlinear) damage accumulation
in metallic materials and which include improved

* Deutsche Forschungs- und Versuchsanstalt fir Luft- und

Raumfahrt (DFVLR), Institute for Materials Research,
Fatigue Branch, D-5000 Kdéln 90, F.R.G.
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mechanics tools. The consequences of the fact that the
physical basis of the cumulative damage hypotheses has
to be improved are:

-that in the field of fatigue crack propagation numer-
ous projects have been initiated, which deal with
details of the crack propagation process on a macro-
scopic, as well as on a microscopic and submicro-
scopic level, and

+that that part of fatigue life where short cracks are
present is carefully investigated, whether there
exists a potential to further increase the span in
life which can be activated together with the design
of engineering components.

The present paper deals with both areas. Regarding
the macrocrack propagation stage those fields and aspects,
which have been thoroughly investigated in the past and
which are publicated in the open literature (comp., for
example, (2, 3) ) will not be repeated here. The present
paper concentrates on special topics as the crack closure
mechanism, the threshold for fatigue crack propagation,
and the influences of dK/da and of compression loads.

Since threshold tests can become extremely time
consuming if an ASTM proposal (4) is applied, two alter-
native methods are considered in more detail in the
present study.

For predictions of the crack propagation especially
also under variable amplitude locading conditions AKeff'
concepts are commonly used. A brief overview of these
concepts will be given. However, there exists also some
experimental evidence, that the consideration of AK ge-
values only may not be sufficient. These investigation
results will be given.

Regarding short cracks the question frequently
arises, in how far extrapolations of the macrocrack
behavior can be performed to predict the behavior of
short cracks. Short cracks exhibit various essential
anomalies, which will be outlined. This will be done
once for the range of low AK-values and once for the
range of high AK-values. At low AK-values the threshold
problem is important because the threshold values of
short cracks are commonly (significantly) lower than
those as derived from long crack studies. At high AK-
values the adequate mechanics representation of the
short cracks becomes the predominant problem.

Predictions of the crack growth behavior under vari-
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able amplitude loading conditions at low AK-values turn
out to become difficult because of microstructural
incompatibilities. This will be shown on the basis of
new results, which stem from a cooparative work together
with the University of Essen, Germany.

The last part of the present paper deals with engi-
neering aspects as the consideration of notches, the
problem of the large variation ("scatter") of short
crack data (especially at low AK-values), the demand for
the formulation of a prediction conceot for which com-
bines the short crack and the macrocrack stage.

CRACK PROPAGATION IN THE MACROCRACK AND IN THE
SHORT CRACK STAGE, CONSTANT AMPLITUDE AND
VARIABLE AMPLITUDE BEHAVIOR

Macrocrack Stage

Because macrocracks can easily be observed during
fatigue tests and hecause post-failure analyses of the
fracture surfaces reveal numerous details of the crack
propagation processes - on the one side - and because
the mechanics tools to represent the macrocrack hehavior
have reached a high standard in their development - on
the other side - the phenomenological macrocrack propa-
gation behavior is fairly well known.

Crack closure, AK, ¢¢. Since the crack closure behavior
has a predominant influence on the cycle by cycle crack
propagation the instantaneous effcctive stress intensity
factor, AMKofr (wWwhich is the range in the stress intens., -
ty factor between that instant where a fatigae orac~«
fully opens in a cycle and the maximum stress intonsit,
in the cyclel, is most often used as a parameter te
describe the crack advance, not cnly under constant
amplitude loading but also under variable amplitude load-
ing conditions. The instantaneous crack opening level n
a cycle is the result of the simultaneous action of
several individual contributions, which are commonly
denoted as plasticity induced crack closure, roughness
induced crack closure (5), etc.. There exist already
numerous investigations where these individual contribu-
tions and related aspects have been worked out in detail.

If the outer loading conditions of a specimen/compo-
nent are considered the crack opening/closure level is
predominantly influenced by the stress ratio and by
compression loads, which may be present.

In order to briefly show the potential of the (crack
closure based) effective stress intensity factor to
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correlate fatigue data, the results of test series with
constant amplitude loading at different R-ratios on a
high strength aluminum alloy (Al 7475-T7351) are plotted
once vs. (log)AK and once vs.(loq)AKef in Figure 1 (7).
(The procedure for the determination of the AK,c¢ values
is described in the paper by 2Zhang et al. (7).%

Under compression loads fatigue cracks are usually
closed. If cracks are closed the stress intensity factor
has no longer a physical meaning (although it is quite
often (formally) calculated). As it has been shown i.
(8) the actual magnitude of the compression stress as
applied at a specimen/component relative to the compres-
sion yield stress of the material being used becomes
important. In (8) an estimation formula for the crack
opening stress intensity factor, Kop relative to the
maximum stress intensity in a cycle, Kpay, for negative
R-ratios has been proposed. This formula, which holds
predominantly for plane stress conditions, 18 given in
Figure 2, where also other concepts for the determina-
tion of Kop-values from the literature are incluaded.

The effective stress 1ntensity variation is also
influenced by dK/da (8, 9). dK/da is responsible for the
size of the plastic wake zone at the crack tip. It turned
out that the dik/da influence is less 1mportant under
constant amplitude conditions than under variable ampli-
tude loading conditions. (Especially 1n connection with
tiic ovaluation of the effect of small load cycles 1n a
variable amplitude loading history dK/da is of 1mpor-
tance .

I a more general statement regarding the present
stater of the oart to describe the mACracrack propagation
tor corstant amplitude loading conditions 1 tried, 1t
can e 5a1d thiat the 0rack closure Soncept represents
v pnoralily complete analysis scheme.

Threshold aiue in the macrocracek stdje. The vis oo

darifestation Sf the throsh~ld behavior of macrocy ioxs
15 the Jower end of the constant ampiitude (logyda’dN-
ClogyAK-curve, whiaich usually tends v approach shHme
rertain AK )y -value below which crack propagation does
no lonaer occur. The threshold behavior is important
from an e¢ngineering viewpoint, as for example 1n those
cases where some certain (crack like) defects can be
present in a structural part just from the beginning
and where predictions have to be made if cracks wi!'l
grow from the defects. Threshold considerations arc alsn
important for crack propagation analyses under variable
amplitude loading conditions, because the guestion
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frequently arises if smaller load variations will contri-
bute to the macrocrack growth or not.

From numerous investigations in the literature it is
known that the threshold stress intensity factor, AK
is not always a constant but that it may depend strongly
on the testing conditions, especially on the stress
ratio. (There exist also other important influences as,
for example, the testing environment, which will not be
considered here.)

For the determination of threshold values different
procedures can be applied. Three of them will be con-
sidered in the following:

(A) the ASTM proposal after Bucci (4)

(B) a procedure after Doker et al. (10) and after
Castro et al. (11)

(C) a new procedure which is dencted as "precrack-
ing under compression" method.

The general procedure after the ASTM proposal (A) is
schematically indicated in Figure 3a. The threshold
tests start with a running fatigue crack. Then the K-
values are reduced as the crack length (a) increases.
This has to be done in a way that a certain prescribed
K-value is always reached as a function of a (dK/da-
requirement). The stress ratio remains always constant.
In practice the load shedding technique is commonly
applied. If the load shedding cannot be preformed con-
tinuously the stress is stepwise reduced, whereby each
reduction in the stress is limited at 10 % of the pre-
vious stress value. The ASTM proposal represents a quite
restrictive procedure. That is the reason why the tests
usually last extremely long, and that there is a strong
demand for other less expensive methods. The two other
2oncepts as they were mentioned above fulfill this re-
{ay1rement.

In Figure 3b the general procedure after the concept
after Doker et al. (10) and Castro et al. (11) is shown.
The threshoid tests again start with a running fatigue
crack. In contrast to the ASTM proposal for the deter-
mination of threshold values the maximum stress in tests
15 kept constant and the minimum stress is increased
antil no further crack propagation occurs. From that
stress range the threshold value is calculated. It
turned out, that above a certain level of Knax-values
always about the same threshold values were ?ound From
that the conclusion is drawn that the threshold value
15 independent of the R-ratio, if the R-ratio is high
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enough to prevent crack closure. This value is seen as a
"physical" threshold in terms of a material constant.
The described procedure can be preformed within a very
short time. Unfortunately, the threshold values after
this procedure are immediately applicable to high R-
ratios only. For a general application of the threshold
values further informations about the instantaneocus
crack opening level have to be available.

Method (C) is a new procedure which includes several
individual steps. First a precracking procedure under
compression is applied as indicated in Figure 3c. A
specimen where a saw cut (for example of a size of 7 mm)
is applied is subjected to pure compression fatigue
loading. A crack starts immediately to grow but its
propagation rate decreases as it become longer and,
finally, crack arrest occurs. This situation represents
an optimum condition for the start of a threshold test
since there exists no (positive) plastic wake zone at
the crack tip and because the crack opening level is
extremely low. The threshold test itself is then started
with the R-ratio of interest. The loading level in the
test is chosen a little below that amount where the
threshold value is expected to occur. If the crack does
not start running or if it stops running after it has
started to grow, the actual threshold value has not yet
been reached. The loading level is then increased by
some amount and the test is continued. The procedure is
repeated until the crack continuously grows. Although
this method seems to be time consuming, this is in real-
ity not the case, because the transition in the stress
below which a crack will stop to grow and above which it
continuously grows is quickly found. In Figure 4 the
fatigue crack growth rates which were observed during
the compression precracking part along with the applica-
tion of this method in case of the high strength alumi-
num alloy Al 7475-T7351 are shown.

In Figure 5 the results of the application of the
threshold evaluation procedures after the "precracking in
compression"” concept (C) and after the ASTM proposal (&)
are shown. From the figure it can be seen that the
threshold stress intensity after method (C) was smaller
than after the ASTM proposal (A). However, the scatter
of the crack propagation data was also somewhat larger,
when the "precracking in compression" method was applied.
The time which was needed for the aprlication of methed
(C) turned out to be less than 20 % of that time which
was needed for the application of the ASTM proposal (A).

From these investigation results and from the gener-
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al features of the methods (A) - (C) the following con-
clusions may be drawn:

*The ASTM proposal required by far the largest ex-
penses in time because of the very restrictive dK/da
requirement. Independently of that the threshold
value turned out to be not conservative. The intro-
duction of more severe conditions into the general
procedure cannot be recommended because the testing
time is already extremely large.

*The concept (B} after Ddker et al.(10) and Castro et
al. (11) appears to be attractive from a physical
viewpoint, however, the "physical" threshold value
after this method cannot directly be applied to
situations, where crack closure plays some part. In
a recent publication D3ker et al. suggested a
rational method for the determination of the crack
opening level. This procedure (which itself stands
in a very close correlation to the basic principles
of the "physical" threshold concept) in connection
with the "physical" threshold value after method (B)
may develop to an attractive concept.

At present method (C) represents a most promising
tool for the solution of threshold problems in prac-
tice. This is why it can be applied to arbitrary R-
ratios, and because the threshold values themselves
tend to be conservative, and because the expenses in
time for its application are relatively low.

Variable amplitude loading conditions. Under variable
amplitude loading conditions significant locad sequence
effects on the macrocrack propagation behavior are ob-
served. As already mentioned earlier the crack closure
mechanism is assumed to be the most essential cause for
the load sequence effects. That is the reason why most
of the advanced crack propagation prediction concepts
are built up upon the effective stress intensity factor,
AKggf. In Figure 6 a brief survey of the present crack
propagation prediction models is given (also comp. (2,3,
12) ). The highest level models which explicitly account
for the crack closure behavior is represented by those
models which include a complete or a Dugdale-Barenblatt
type analysis of the stresses and displacements around
the crack. The high numerical expenses which are re-
quired for the application of these models were the
reason why the simulation models (where the main con-
tributions to crack closure and to the crack propagation
behavior are simulated by analytical expressions) were
developed and also the models as mentioned on the third
level in Figure 6, where empirical trends (as, for
example, the observation that under various types of
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service loading conditions the crack opening level does
no longer vary much after it has reached some equilib-
rium condition (12) ) are further included. At the
lowest level in Figure 6 those models are summarized,
which are simply adjustment models or which use only one
"characteristic" K-value, or which are linear analyses
which ignore the presence of sequence effects at all.

For engineers quite often difficulties arise if they
have to select one crack propagation prediction method
for the solution of a certain practical problem. Although
the prediction capability of the models as mentioned on
the higher levels in Figure 6 is commonly better, the
authors should like to emphasize that it may be in most
cases more efficient - from a practical viewpoint - to
select a model where the user is able to overlook all
basic assumptions and analytical procedures rather than
to chose a more complicated model, which needs the spe-
cial insider knowledge of the author of the model for
its general application.

Since OKgfrg is used as a basis of nearly all models
for the prediction of the macrocrack propagation behav-
ior it is an essential question, if AK_.- is in fact the
only important parameter. In this context the results of
a recent investigation by Zhang et al., where simple but
systematically varied periodic loading patterns were
applied, give some important informations. They showed,
that there are commonly no contradictions between the
AKoff-concept and the actual crack propagation behavior
in most cases. However, under one loading condition,
which is shown in Figure 7, the crack opening stresses
which were derived from the striation measurements and
using the (log)da/dN vs. (log)AKef correlation in
Figure 1b, turned out to be not compatible with the
actual physical behavior of the crack opening stresses.
For a further evaluation of this result where microstruc-
tural causes may play a significant part further system-
atic investigations are required.

Short Crack Stage

As already outlined in the beginning the basic ques-
tion in how far predictions of the short crack properties
become possible on the basis of the long crack behavior
(which itself is fairly well known) is of interest.

Short cracks exhibit various anomalies (as compared to
long cracks) which are schematically indicated in Figure
8. Two general ranges can be distinguished, a range where
the stress intensity variations, AK, and the crack propa-
gation rates, da/dN, are low and another range, where
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both become high.

Low AK-regime. If the range with low AK-values is
considered significant deviations from the long crack
behavior are observed. This refers to the threshold
value and to the crack propagation rates, and to the
microstructural influences.

The threshold values of short cracks are probably
significantly lower than the threshold values for long
cracks and the crack propagation rates are higher. In
(13) several possible reasons for the differences in
this material behavior were given. One "physical" key
for the differences is seen in different slip mechanisms
at the crack tip. As indicated in Figure 9 the steep
stress gradient which is present at the tip of long
cracks and the strong elastic-plastic interface favor
the slip reversibility at the tip of long cracks. In case
of short cracks the net section stresses are commonly
significantly higher than for long cracks leading to a
flat stress distribution (except very close to the crack
tip). This is also indicated in Figure 9. The disloca-
tions eminating from the tip of short cracks can freely
move. This may be the predominant cause for the lower
threshold value and for the high propagation rates of
short cracks.

Microstructural features which have also a signifi-
cant influence are mainly the inhomogeneity of the crys-
tallographic microstructure as such and the presence of
obstactles in form of grain boundaries, phase boundaries,
textures, etc. Most of the variations of the da/dN vs.
AK-curves which are also (schematically) indicated in
Figure 8 are due to these special microstructural fea-
tures. If grains are favorably orientated the short
cracks in these grains propagate faster. If the short
cracks approach obstacles their growth rate drops down.
For the gquantitative prediction of the short crack be-
havior under these circumstances several models/approaches
have been suggested (14). Miller et al. proposed a model,
which is based on the shear deformations at the specimen
surface where the short cracks start to grow (15).If the
shear deformations are really taken at those local areas
where the short cracks actually initiate and start to
grow this model is a most interesting one from a physical
viewpoint.Another advantage is that the effect of micro-
structural obstacles is also explicitely accounted for.

Another approach has been proposed by Topper

et al. (16). In this approach a fictitious crack length,
lo’ is used, which is based on the threshold value of
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the material and on its endurance limit. The principle
of the model is schematically shown in Figure 10. The
relevant AK-vs. a-curve is shifted such far (by 1lg) to
the left that AK-values which fall below the selected
ARK¢p-value of the material cannot occur.

Another (rough) estimate of the (log)da/dN vs. (log)AK-
behavior of short cracks in the low AK-regime can otten
be performed if the straight part of the long crack (log)
da/dN - (log)AK-curve is elongated into the range of
low AK-values by a straight line. In Figure 11 results
which fit into this approach are shown, as an example.
(The elongated straight line has to be seen as an average
line.)

High AK-regime. The transition from the low AK-regime to
the high AK-regime (in the short crack stage) usually
leads to the following consequences:

the fatigue threshold problem becomes less signifi-
cant,

*the influence of the microstructure is also less
important,

*the principles of linear elastic fracture mechanics
are commonly no longer applicable.

The fact that the parameters of linear elastic frac-
ture mechanics are usually no longer applicable for the
representation of short crack data, and that elastic-
plastic fracture mechanics parameters have to be applied
is a most essential problem, and most of the deviations
from the long crack behavior which are reported in the
literature may be due to the utilization of uncorrect
parameters.

Several methods have been proposed for the represen-
tation of short crack data. Among these are:

the cyclic J-integral concept after Dowling, where
the range of the original J-integral (which is
limited to a monotonic nonlinear material behavior)
is left for the consideration of cyclic loading.
This concept does not account for crack closure.
the AZ-integral after Neumann (17) where the overall
o~€ hysteresis loops at a test piece is determined,
and where the area under the instantaneocus loop and
the instanteneous length of the short crack are
combined to estimate the cyclic J-~integral. (Crack
closure is accounted for by taking one of the empir-
ical long crack relationships {(comp. Figure 2).) The
life which is spent in the short crack stage is
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derived from an integration of the short crack be-
havior. (*)
the eguivalent K ~concept by Foth et al. (18),where
the cyclic J-integral is determined at the end of
eachr half cycle(%y a loading history and where
corresponding K -values are cal?g}ated using the
elastic K~Jd-relationship. These K -values are then
introduced into an Elber type equation to account
also for crack closure.

The concepts (especially the two last mentioned
concepts) still need further systematic investigations
for their general verification. An essential problem is,
that suitable J-integral approaches are presently avail-
able for a very small number of cases only.

Variable amplitude loading conditions. In (19) it has
been shown that sequence effects occur not only in the
macrocrack stage but also in the short crack regime.
That means that simple linear calculation methods (if
they are applied to predict the short crack behavior
under variable amplitude loading conditions) cannot lead
to realistic results. Recently an investigation program
has been performed in cooperation with the University of
Essen, Germany (20}, where the crack initiation process
at the surface of Ck15 specimens were studied. In the
program the influence of positive and negative mean
stresses under constant amplitude loading was investi-~
gated. Furtheron, tests with simple program loading
patterns were performed, where blocks of small cycles
were introduced once into the tension and once into the
compression direction. From the SEM-observation of the
specimen surfaces it came out, that the microscopical
processes differed depending on the direction, where

the mean stresses or the blocks of small cycles were
applied. If they occurred into the tension direction
fatigue bands with a high density were formed at the
ferritic grains. Cracks initiated at these grains and at
the transitions to the vhase and grain boundaries. How-
ever, if the mean stresses or the blocks of small cycles
occurred into the compression direction, much less fa-
tigue bands were observed which appeared as sharp lines.
Due to the lower number of fatigue bands the number of
nuclei for the initiation of cracks was lower, as well
(comp. Figure 12). From the existance of these basic
differences it can be concluded that if under variable
amplitude loading a mixture of cycles with different
mean stresses and amplitudes occurs incompatibilities

in the microstructural mechanisms can quite often occur.
That means, that realistic crack propagation prediction
methods can become even more complicated.
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From a mechanics viewpoint it would be quite worth-
while if an effective stress intensity factor concept
could also be formulated for the short crack stage.
Under such circumstances the development of an unique
crack propagation prediction concept where a homogeneous
transition from the short crack stage to the long crack
stage is included would become more easily possible.

Engineering aspects. From an engineering point of view
(among others) the following questions are of special
importance:

+Under which special circumstances the short crack
behavior has explicitely to be considered?

«In which way the variation ("scatter") of the short
crack data can be accounted for?

‘What is the effect of stress concentrations?

Regarding the first point Figure 13 gives an infor-
mative overview. It can be seen, that the short crack
stage turns out to become important if the applied
stress/strain levels are low. The available life time
depends strongly on the crack size which can be per-
mitted. On the other hand it is not convenient to per-
form special inspections in this life regime.

The variation ("scatter") of short crack data is as
it has been shown previously extremely large. So it is
highly advisable to evaluate the upper band of the da/dN
vs. AK-variations carefully and to take this as the
basis for fatique life predictions in the short crack
staqge.

The consideration of notches is predominantly a
problem of mechanics and in the literature some
approaches have already been developed.

SUMMARY AND CONCLUSIONS

In the present paper the long crack stage and the short
crack stage were considered. Regarding the macrocrack
stage the present investigations concentrate on refine-
ments of the crack propagation analyses in order to
improve their prediction capability. In the short crack
stage various anomalies occur which hinder simple extra-
polations from the long crack behavior. The present
short crack investigations concentrate on the develop-
ment of basic analysis schemes and on the evaluation of
the microscopical and mechanics details.

In the macrocrack stage AK, gg-coOncepts are commonly
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used to predict the crack propagation under constant
amplitude as well as under variable amplitude loading
conditions. Recent investigation results show, however,
that AKgff may not be the only parameter but that other,
especially microstructural contributions, may be impor-
tant, as well.

For the determination of threshold values of long
cracks various methods can be applied. In the present
paper three different methods were considered, an ASTM-
proposal, the "physical" threshold concept after Doker
et al. and after Castro et al., and a new "precracking
in compression" method. From a special experimental
program on the high strength aluminum alloy Al 7475-T7351
and based on practical considerations it came out that
the "precracking in compression" method may be preferred
for engineering purposes. From a physical viewpoint the
method after DOSker et al. and after Castro et al. includes
various interesting aspects.

Regarding the short crack stage the low AK-regime
and the high AK-regime have to be distinguished. In the
low AK-regime the threshold value (which is lower than
the long crack threshold), the higher crack propagation
rates, and the microstructural influences have to be
considered, whereas in the high AK-regime the adequate
mechanics representation of the short crack behavior
stands in the foreground. A recent concept by Miller
et al. opens up new possibilities to explicitely consider
the microstructural processes from a physical viewpoint.
From an engineering viewpoint the large scatter of the
short crack data and the fact that cumulative damage
analyses based on constant amplitude data may lead to
significant microstructural incompatibilities are of
special importance.
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Figure 2 Approaches for the consideration of the crack
opening behavior under positive and negative R-ratios

223




FATIGUE 87

(a) ASTM-proposal (after Bucci)

dk/da - requirement

stress

maximum 10% reduction

R=const.

o

crack {ength, a

(b) ‘Physical’ threshold concept

after: Doker et al. after: Castro et al.
0 , 0 ,
time time
(c) ‘Precracking in compression’ -method
1st stage: 2nd stape:
i
g0 — 0
= time time
"]
Sep § :
0‘ — u u‘ /
mm /—- mm
time time
k h
[ S—— |

Figure 3 Different concepts for the determination of
(long crack) threshold values: (a) ASTM proposal (4),
(b} "physical" threshold concept after Ddker et al. (10)
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Figure 4 Fatigue crack behavior under compression
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Figure 5 Comparison of the threshold behavior for the
Al 7475-T7351 alloy after the ASTM proposal and after
the "precracking in compression” method
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Figure 8 Typical anomalies of short cracks as compared
to the long crack behavior
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Figure 9 Interaction between the stress fields and the
dislocation processes at the tip of long and short cracks
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Figure 10 l,-concept after Topper et al. for short
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Figure 11 Short crack behavior of the high strength
aluminum alloy Al 2024-T3
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LOW CYCLE FATIGUE LIFE PREDICTIONS OF A 1CrMoV STEEL IN TERMS OF
A J-CONTROLLED SHORT CRACK GROWTH MODEL

. -
V. Bicego

The propagation of cracks under Low Cycle Fatigue
(LCF) conditions is modellea in terms of Rice's
cyclic parameter AJ, specifically formulated for
short cracks. Simply relying on the values of Paris
coefficients from conventional Fatigue Crack Growth
tests under elastic conditions, it is shown
that life predictions obtained by integrating the
crack growth expressions for the LCF cracks comply
quite favourably with actual lives found in tests
at 480 and 540°C on a 1CrMov steel,

INTRODUCTION

It is generally accepted (Coffin (1), Grosskreutz (2), Tompkins (3))
that the period of the slow stable growth of short cracks occu-
pies the major portion of what is usually meant as Low Cycle Fa-
tigue (LCF) life, whereas only small life fractions are spent in
the crack initiation phase (multiple cracks formation and cohale-
scence into single dominating small cracks) and in the period of
accelerated growth of large cracks leading to the final failure. A
marked distinction has become popular (Novack et al. (4)) between
two different definitions of short cracks, i.e. microstructurally
short cracks and physically short cracks. In the former case models
must take into account physical parameters of the microstructure,
responsible for crack accelerations (favourably oriented slip
systems, etc.) or retardation (at grain boundaries, hard particles
etc.). In the latter case continuum mechanics crack models apply,
mostly related to Elastic-Plastic (EP) representations of stress-
-strain fields at crack tip. It has been pointed out (Miller (5)})
that in fatigue at low load amplitudes on an initially uncracked
specimen the growth of microstructurally short cracks governs the
majority of the life, whereas physically small cracks become in-

CISE - Tecnologie Innovative SpA, Segrate (Milano)-I.
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creasingly important at hich loads. Modelling small crack behavior
under EP conditions should therefore provide a valuable tool for
predicting lives of test specimens and of plant components sub-
jected to LCF damage.

Following Dowling and Begley's original work (6), the following
law has become extensively used for correlating da/dN data under
EP conditions:

da m
- (n
where A and m are material constants, and AJ is the applied range
of Rice's J integral. This equation was applied by Mowbray (7),
Dowling (8), Starkey and Irvin (9) and Ebi et al. (10) to small
cracks on smooth bar specimens; life predictions have also been
derived (9), (10), mostly in the limited domain of small cyclic
plasticity. In these studies no particular attention was put to
the peculiar characteristics of the kinetics of short cracks, as
formulas directly derived for large cracks were thought to be ade-
quate for small cracks too. On the other hand it was reported by
El Haddad et al. (11) and in ref. (8) that expressions of Fracture
Mechanics parameters for large cracks do not provide good corre-
lations of da/dN data down to crack lengths smaller than some
tenths of a mm. In addition, as observed by Minzong and Liu (12),
no attempt was ever made to correlate da/dN data with AJ calcu-
lated by finite element methods for the specific test specimen
configqurations.

In the present work AJ expressions used previously have been
refined and applied to cracks growing at the surface of smooth
specimens. The derivation is accomplished in two steps: expressions
of AJ for a typical configuration of a Fracture Mechanics test
specimen are firstly considered, and the solution obtained is then
modified according to a short crack model due to El Haddad et al.
(13). The crack growth expressions in eq. 1 have then been inte-
grated, providing LCF life predictions which have been checked
against actual data on a 1CrMoV steel.

THE MODEL

EPFM: J estimation schemes. In order to derive expressions of J
applicable to edge cracks on smooth LCF specimens it is convenient
to rely on a suitable Fracture Mechanics test specimen idealization,
for which formulas are readily available from handbooks. Reference
is here made to the case of a Single Edge Notched (SEN) specimen
loaded in uniform tension under plane stress conditions. For this
specimen configuration AJ can be determined according to EPRI
Engineering Approach (Kumar et al. (14)) from a summation of
elastic and plastic components of AJ, determined as:
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2 Ta AP2
AT = FSEN(a/b) 5 (2)
€ b° E
ca fAp %
AJp = o A“‘QAO:: —_— (—-——) hSEN(a/b,n) (3)
b OPo,

where b is the specimen width, c is the ligament (b-a), A, 4to,
&%, and n are constants in the cyclic Ramberg Osgood represen-
tation of material stress-strain curve as in (14), Po is the re-
ference load of EPRI limit load analysis, Fggny(a/b) is the elastic
geometry factor given by Tada et al. (15), and hSEN(a/b,n) is a
plastic coefficient for SEN geometry which has been evaluated (by
f.e. analysis) and reported in tabular form in EPRI handbook (14}.
By rewriting egs. 2 and 3 in terms of the elastic and plastic
strain energy densities far from the crack tip,

2
av
we = —— (4)
2E
4
L )
P 1+1/n

and in the limit a<b,c, the following relationship is obtained:

2 -
AJ = 2 7 a FSEN (W, + fEPRI(n) wp) (6)
. 2 _ .
with FSEN (for a=0) being 1.122, and
) ) n+1
fEPR{n) = (1+1/n) ;F—Z‘—hsEN(O,n) (10—7—2) (7)
SEN :

(with the coefficient 1.072 taken from the expression of Po in EPRI
limit load analysis). Unfortunately for the various specimen con-
fiqurations considered in EPRI handbook no f.e. solutions are given
for the plastic factors h(a/b,n) in the limit a/b -+=0, the shortest
crack length analyzed being a/b = 1/8. Therefore alternative es-
stimates have to be considered. Symply relying upon the fact that
for a Center Cracked Tension (CCT) panel a simple analytical ex-
pression was made available by Shih and Hutchinson (16} for the
case a/b=0, the following J estimation scheme has become widely
in use (8-10):

AJd

]

2
2rma FSEN (W, + fC(,‘I‘(n) WP) (8)

with:
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1 r— 1 T
fCCT(n) = (1+1/n) v [3.85 yn (1 ~ ;) + T] (9)

Values of fEPRI(n) and of fn~p(n) are reported in Table 1. Though
it is recognized that use of a CCT expression has no theoretical
justification, to the author's knowledge numerical checks of AJ
estimates from ecs. 8-9 against f.e. solutions have never been re-
ported.

TABLE ! - values of factor f(n) ineg.: aJ=2a FZ(We-& f(n) wWp),
according to 5 estimation schemes.

n 1 2 3 5 7 10 13 16 20
. 1.02 1.17 1.44 1.67 1.97 2.24 2.47 2.76
fCCI‘ 1.00
fl 1.00 0.95 1.07 1.54 2.35 4.60 9.13 18.3 46.4 for
f2 1.00 0.84 0.84 0.95 1.14 1.55 2.14 2.99 4.68 a
2:-0
e = « - -« = NOTEXISTING = =~ =~ = = = =~ = = -~ = b
fEPRI 1.00
. 1.07 1.18 1.40 1.57 1.80 1. 2.18 2.52
_igEN t.oo .07 118 A T nee o rer el g
.0 - - = - - - NOT EXISTING =~ =~ = - - - -
feer  1+%® 2 3 4 3
fl 1.00 1.63 3.16 13.5 61.0 6.1 10 6.1 10 6.3 10 1.3 10
f2 1.00 0.92 1.01 1.37 1.97 3.51 6.38 11.7 26.3 for
1
. . .02 2.72 4.07 5.88 8.51 16,2 2= 2
fEPRl 1.00 1.17 1.42 2.0 b 8
. 17 1.42 2.02 2.72 4.07 5.88 B.51 14.2
fSEN 1.00 1
t
(fC(.'I‘ from (13) and {16), fl and f2 from (17), fEPRI from (14) and fsEN from present scheme)

A different J estimation scheme was recently proposed by
Broek (17), with the aim of providing a simple method for the pre-
diction of loads in tearing instability analyses. Based on suitable
(but theoretically unjustified) extrapolations to the plastic case
of J expressions valid in the elastic regime, two possible ex-
pressions of the plastic geometry coefficient in eq. 6 result from
this method:

£ = (141/n) —— (ﬁ'F2 )(“”)/‘ (10)
1 anZ SEN

SEN

1 n+1
£ = (141/n) ——n F (11)
2 P SEN

SEN

It is seen in Tab. 1 that abnormously high estimates are obtained
with eq. 10 at large n values, whereas more reasonable results are
found with eq. 11 with respect to existing EPRI data at a/b=1/8.
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Based on this finding, it may be expected that reliable results
are to be found by eq. 11 even for a=0. In addition, taking advan-
tage of the discrepancies with respect to EPRI data at a/b=1/8, a
further refinement of the estimate can be accomplished as follows:

" Al
| fEPRI
£

o Ja/b=1/8

' -
fSEN(n)_a/b=0 |.fz(n) (12)

]a/b=0.

2 I ]

feprt ™ a/b=1/8

!_ESEN M /b=1/8

(13)
It is seen from Tab. 1 that these estimates do not differ much from
the CCT solutions for a=0 usually assumed (present analysis there-
fore is also an indirect validation of the possible use of fceop
coefficients even for a SEN geometry). In lack of more definite
f.e. results, in the following the simple estimation scheme of eq.
12 will be wused, which was specifically derived for a SEN geometry,
and for which a reliable check against EPRI data has been possible,
at least for a/b=1/8.

Short crack considerations. By extending to EP situations the
empirical concept of an intrinsic crack length a_, originally de-
veloped (ref. (11)) for correlating da/dN data and threshold values
of AK in conventional Kitagawa-Tagahashi (18) plots, El Haddad et

al. (13) prooosed the following short crack redefinition of 4J:
AJ = 2xF° (w_+ f(n) W) (a+a) (14)
e p []
with: QK 2
a - 4 (—-H‘-\ (15)
© " Oend'

beina F the aeometry factor, 4Ky the fatinque threshold stress
intensity factor for large cracks under elastic conditions, and
Tond the endurance limit. According to this model, the expression
of AJ for an edne crack in a smooth LCF specimen is:

9
a2 Y . :
A = 27 (r FSF:N (we + fSEN(n) hp) (a+ ao) (16)

where the usual coefficient of 2/¢ has been iiitroduced to account
for the semicircular shape of conventional LCF cracks.

LCF predictions. It is assumed that a unique relationship, eq. 1,
is adequate in modelling conventional LEFM cracks as well as short
LCF cracks. In addition, for an easy check of this method effects
of a negative R ratio on da/dN curves determined in Fatique Crack
Growth (FCG) tests under elastjc conditions are assumed to be ne-
gligible, only affecting threshold values in the definition of ag
(eq. 15). Therefore from the values of Paris coefficients from FCG

-
ot
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tests with R=0 the constants A and m (eq. 1) for LCF cracks with
R= -1 can be simply determined using the elastic equivalence
J==K/E'2. A life prediction for a smooth LCF test specimen with
diameter D is derived by integrating eq. ! (with AJ from eq. 16)
between appropriate values of initial (ai) and final (ag) crack
lengths (the particular choice of af is not of great importance,

as the final stage of crack growth is normally rapid). In the
following it will be assumed a; =0 and ag=D/3, this latter being
the length of cracks typically found at the instant chosen to de-
fine failure in LCF tests.

EXPERIMENTAL VERIFICATION

Life prediction capability of present model has been verified on a
number of LCF test results carried out at CISE's laboratories on a
1CrMoV forging rotor steel, of an ASTM type A470 Cl. 8. Chemical
composition, mechanical properties, test procedures and an extensive
overview of LCF results have been reported in previous papers by
Bicego et al. (19,20). Test data on specimens from the Rim region
of the High Pressure rotor stage are here considered, with stress
axis parallely oriented with respect to the rotor axis, for which
cracks develop in radial-tangential planes. For this same rotor
region and identical crack orientation the values of Paris coeff:i-
cients were available (21) from Fatigue Crack Growth (FCG) tests
on CT specimens, carried out at 450°C with triangular waveforms at
frequencies of 0.1 and 1 Hz. No time dependent effects were found,
and a unique Paris curve was given as:

da -12 3.0
= = . 7
ey 7.7 10 AK (17)

This equation has been used to derive life predictions applicable
to LCF tests at 480°C, with applied strain ranges in the interval
0.5 -4% and a constant strain rate £ =3 10-3 g~ (resulting in
frequencies in the same interval as the FCG data; the difference
in temperature with respect to FCG tests is not thought to be of
importance, as ICF results were found to be relatively temperature
undependent for these test conditions). Values of energies W, and
W, in eq. 16 were derived from mid-life stress-strain hystheresis
loops. In lack of high temperature data with R=-1, aj was esti-
mated from room temperature parameters in eq. 15. A threshold
value of 7.7 MPa Ym was assumed at R=0, on the basis of an ex-
tensive collection of thresholds data reported by Taylor (22) for
perlitic and bainitic steels. For the case R= -1 a reduction factor
of 2/3 was introduced, again on the basis of literature findings
(Morgan (23), Lee and Stephens (24), Yu et al. (25), Greenfield
and Suhr (26)), resulting in AKyp (R=-1) =5.0 MPa {m. Being G-, =403
MPa, the estimated value of a, is then 49 10-6 m. Finally, being
n=11.8, the value of the coefficient fopy(m) is 1.71. In fig. !
the life predictions calculated in this way are compared with
actual LCF test results: notwithstanding the uncertainties in some
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numerical coefficients of the model, it is seen that the agreement
is excellent.

Fig. 2 reports further results of a similar analysis for LCF
tests at 5409C (with n=12.7 and fggy(n) = 1.95). Predictions were
obtained from Westinghouse data determined by Swaminathan et al.
(27) from tests at 538°C on CT specimens of a nominally identical
rotor steel, with ramp times (t,) and hold times (HT) in the ranges
5-30 s and 0-1680 s respectively. The time-dependent crack growth
curve is in this case:

g—s- - 6.8 10°Mak? 422 10_9((2tr)0'24~0.64)AK1

.5

+1.2 1072 (HT)O‘36AK1'3 (18)

As hold periods in FCG tests were applied at constant maximum
loads, a strong conservatism is expected when using eq. 18 to pre-
dict LCF lives under constant strain hold conditions. This is
clearly confirmed in fig. 3. Strain rate dependence is analyzed in
fig. 4 (here the data with £ =3 1076 51 represent far extrapo-
lations beyond the limits of experimental validity of eg. 18). A
constant factor of conservatism is seen in figs. 2 and 4. This
might be attributed to the intrinsic conservatism of Westinghouse
crack growth equation in test with no hold, as recognized in the
original paper (27), or to the different heats used in CISE (LCF)
and Westinghouse (FCG) tests. On the other hand the fixed amount
of conservatism found in tests with differentt{ is anindication that
present approach can adequately represent time-dependent damage:
see fig. 5.

CONCLUSIONS

The analysis here carried out on a low alloy steel supports the
use of an EPFM description of short cracks for LCF life prediction
purposes. The importance of this approach is not merely a specula-
tive one, i.e. supporting a crack growth interpretation of LCF:
the method provides life predictions on the basis of a limited
amount of material data, and is therefore a natural candidate for
engineering applications.
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SIMBOLS USED

a, ao = Crack length and intrinsic crack length (m)
b, ¢ = Specimen width and ligament (m)
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ty = Rise time of a triangular waveform (s)

A, m = Constants of the crack growth eg. 1

D = Diameter of a smooth LCF specimen (m)

E, E' = Plane stress and plain strain Young's moduli (MPa}
HT = Hold time (s)

N = Cycle number

Ng = Actual LCF life to failure

N = Predicted LCF life to failure

P, Pgo = Applied load and reference load (N)

W = Strain energy density (MPa)

We, W, = Elastic and plastic parts of W (MPa)

a, n = Ramberg-Osgood's coefficient and strain exponent
4 = Strain rate (s~1)

Gend = Fatigue endurance limit (MPa)

Aty, 08, = Total and plastic strain ranges (m/m)

8t 5,49, = Reference strain (m/m) and reference stress (MPa)
8T = Stress range (MPa)

AT = Applied range of Rice's J integral (MPa - m)

83es 00, = Elastic and plastic parts of 4J (MPa - m)

8K = Range of stress intensity factor (MPa Vm)
BKyp Threshold value of AK (MPa {m)
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THE STATISTICS OF THE SHAPE OF SMALL FATIGUE CRACKS

B.N. Cox* and W.L. Morris*

This paper presents Monte Carlo simulations of the
growth of small fatigue cracks through stochastic
microstructures. The simulations are based on can-
onical formulae for the ;tress intensity factor
around an irregular crack front, and laws of crack
growth extracted from prior experiments or theories
to describe the influence of the microstructural
environment. The simulations allow the convenient
examination of the statistics of crack shape, which
may be compared with easily obtained experimental
data. The magnitude and persistence of fluctua-
tions in crack shape may be used to test postulated
laws of growth. The physical insight available
from the Monte Carlo simulations will ultimately
permit more accurate predictions of fatigue
lifetime.

INTRODUCT 10N

Small fatigue cracks having no dimension greater than a few grain
diameters are subject to large stochastic variations in the driv-
ing force acting at different points along the crack front.
Therefore, the crack front does not remain smooth, but shows ir-
regularities which may be large or small depending on the strength
of the stochastic factors generating them. In this paper, Monte
Carlo simulations of the growth of such irreqular cracks are pre-
sented. The Monte Carlo simulations can be used to validate pos-
tulated laws of crack growth by comparison with observations of
crack shape; and to illuminate the sources of various statistical
properties of small cracks, which may allow more accurate
predictions of fatigue lifetime.

For small cracks, the stochastic variations in the driving
force originate in the stochastic nature of the microstructure
encountered by the advancing crack front. The rate of advance of
a segment of the crack front can be influenced by several mechan-

*Rockwell International Science Center, 1049 Camino Dos Rios,
Thousand Oaks, CA 91360
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isms whose impact depends on the size, orientation, and mechanical
properties of the grains in the immediate vicinity. The mechan-
isms include temporary arrest at grain boundaries, deceleration
caused by back stress or by fracture surface roughness, accelera-
tion caused by enhanced local plasticity, and fluctuations in the
local stress field caused by elastic inhomogeneity and anisotropy.
The Monte Carlo simulations allow the consideration of one or all
of these mechanisms, as long as & corresponding law is available
to express their influence on the growth rate of each segment of
the crack front.

The tendency of the stochastic microstructure to make the
crack front irregular is balanced by the dependence of the stress
intensity factor on crack shape. Ffor example, for an embedded
jrregular plane crack, the mode I stress intensity factor, Kis is
generally reduced on protrusions and enhanced on retarded seg-
ments, so that, in the absence of microstructural fluctuations,
the crack always tends to be circular. For a surface breaking
crack under mode I loading, the equilibrium shape is approximately
a smooth semi-ellipse of aspect ratio 0.4. For the Monte Carlo
simulations, a simple algorithm has been derived to estimate K
for either an embedded or surface breaking plane crack of any
shape.

STOCHASTIC MICROSTRUCTURES

A single instance of a stochastic microstructure is generated as
follows. Nucleation sites of a prescribed average density are
placed on the plane of the crack in a Poisson process (i.e., with
no correlation in their locations) by invoking a pseudo-random
number generator. The grain boundaries are then determined by the
Wigner-Seitz construction, which defines each grain as the area
bounded by the perpendicular bisectors of the lines joining that
grain's nucleation site to the nucleation sites of all its con-
tiguous neighbors. Nonequiaxed grain structures are generated by
rescaling one of the axes. The locations of the vertices and the
total area of each grain are stored until the next microstructure
is generated.

To enable convenient reference to the information contained in
a given microstructure, a discrete square grid is defined on the
plane of the crack. Each point on this grid is then associated
with the number of the grain containing it and with other measures
of the Tlocal microstructure. For example, for modeling crack
growth in Al alloys, an appropriate measure upon which plasticity-
induced =losure depends is the distance from the grid point to the
next grain boundary measured along the line emanating from the
center of the crack. Other characteristics, such as grain
orientation, might be preferred for other materials.
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APPROXIMATE, FAST ALGORITHM FOR K1

The feasibility of the Monte Carlo simulations depends critically
on being able to estimate K very quickly for plane cracks of
arbitrary shape. Exact calculation of K; would be prohibitively
slow and, therefore, simple approximations to Ky have been
derived. The approximations are based on estimates, K;(P), of K;
at the zenith, P, of a protrusion and KI(Q) at the nadir, Q, of a
retarded segment. Both the protrusion and the retarded segment
considered have the square-shouldered geometry shown in Figure 1.
A combination of analytical and numerical work has led to the
following expressions for KI(P) and KI(Q):

K (P) = 20 /7% o2 tan N 3ESE tan 3 (1)
and
Q) = 20 /57w / 2 tan 3L wan ) (2)

where s, t and a are defined in Figure 1. The identification of a
for a smooth rather than square-shouldered protrusion or retarded

region is subjective and, therefore, the term a/2 in Equations (1)
and (2) was replaced by n/2ea/a,, with the parameter ag evaluated

by calibration against KI for e?]iptica1 cracks.

For crack fronts of arbitrary profile, the half-width o« of a
protrusion or retarded segment was defined as half the angle
between the points on either side of the extrema at which the
radius of the crack was equal to its average radius (Figure 2a).
The value of KI between the zenith of a protrusion and the nadir
of a retarded Segment is then written simply as

Ki(8) = [(r(a) = K (P) + (& - r(e)K(QI/(t - 5) (3)

where r{g) is the radius of any point and s and t are defined in
Figure 2a. The exact results for an elliptical crack with s = t
can be fitted perfectly by Equation (3) by adjusting ag- With
this value of ag (viz., ag = 0.201) retained for all cases, the
agreement with Other known solutions is as illustrated in Figure
3. Even for protrusions and retarded segments of significant
magnitude (s/t ~ 0.5), the approximation is always accurate to
within a few percent. Most importantly for the present applica-
tion, it gives fair estimates of the dependence of K; on a and of
the relative magnitudes at extrema on the same crack. These are
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the properties essential to balancing the tendency of K;(s) to
make a crack regular against the disrupting effects of the micro-
structure. Note that KI(Q) is correctly predicted to diverge and
K{(P) to vanish as a » 0. This implies that very sharp
irregularities of the crack front are unlikely to be found.

Ky_on Surface Breaking Cracks

Convenient algorithms for estimating K; around semi-elliptical
surface cracks have been given by Newman and Raju (2,3). If 2c is
the crack's length on the surface, and a its depth, then for
2c > a,

() = 0 RS FEe) ()

where E is the elliptic integral of the second kind, k2 = 1-aZ/c?,
and F is a polynomial in a/c and c/a and a simple trigonometric
function of ¢, the parametric angle of the ellipse.

To account for departures of the crack front from the semi-
elliptical shape, Equation (4) was combined with Equation (3) by
the following ansatz. The center of mass and the moments of
inertia I, and [ of an irregular crack were found, and taken to
define the centel and semi-axes (c=2/T and a=2/T) of a
smoothed semi-elliptical crack. The x a¥is was rescafed by the
factor a/c, so that the fitted semi-elliptical crack would become
a semi-circular crack, and the mirror image was added (Figure
2(b)) to generate an entire irregular, approximately circular
crack. Equation (3) was then used to generate values of Ky(a)
around this scaled crack, normalized to Ky(a) = 20,/a/+. These
normalized values of Ki(s) represent the relative acceleration and
retardation of local protrusions and retarded segments. These
values were then multiplied by the results of Equation (4) for the
semi-e1liptical crack of semi-axes ¢ and a, to account for gross
shape and size effects.

MONTE CARLO SIMULATIONS

A Monte Carlo simulation begins by generating a random, two-
dimensional pattern of grains lying in the plane of growth. A
small crack is introduced, spanning a few grains or perhaps just
one. The crack front is divided into discrete segments, which
increase in number as the crack grows, so that they remain small
relative to the microstructure. The position of the crack front
is updated at regular intervals according to the laws governing




FATIGUE 87

the growth of each segment, which embody the dependence of the
growth rate on the details of the surrounding microstructure. The
advance of the crack front is always assumed to be in the direc-
tion of the normal to it at any point. If a newly calculated
crack front passesses unphysical loops or overlapping spurs, these
are eliminated by deleting the offending segments.

CLOSURE-TNDUCED SHAPE EFFECTS IN AL 7075-T6

A typical simulation of a surface crack is shown in Figure 4, The
grain structure there corresponds to that exposed on a plame cut
normal to the rolling direction and normal to the surface of a
rolled sheet of Al 7075-T6. The average grain length normal to
the rolling direction is ~ 120 um, and the average depth normal to
the surface is ~ 20 um. After a brief crystallographic phase
immediately following initiation, small fatique cracks in such
specimens grow in a transgranular noncrystallographic mode.
Plasticity-induced closure causes them to slow down upon reaching
each grain boundary and accelerate as each grain is being tra-
versed (Zurek et al (4)). Observations on just the visible sur-
face outlines of individual cracks have Ted to laws relating the
rate of advance of each surface tip to its distance, z, from the
next grain boundary. In the simulations shown here, the same law
has been assumed to prevail all around the crack front, with z
always measured along a line radiating from the original center of
the crack. The law has the form

g—" = Aak? (1-p2/27)2 H(1-82/2F) (5)

where w refers to displacement of the crack front along the normal
direction, r is the average radius of the crack, and g8 is a para-
meter whose value for visible surface crack tips in Al 7075-T6 is
~ 0.5. H is the Heaviside step function, and its presence signi-
fies the possibility of part or all of the crack front being
arrested by closure. Small cracks in Al alloys are also arrested
temporarily by grain boundaries, but this effect is relatively
weak in large-grained specimens and it has been ignored here.
(Note, however, that grain boundary arrest is readily treated in
the simulations, and it will be a principal subject of future
studies.)

The simulation shown in Figure 4 exhibits some important gen-
eral characteristics of small crack growth. When the crack is
small relative to the microstructure (less than or equal to a few
grains), the crack front can be highly irregular. Parts of it may
be arrested by closure (or grain boundary blockage), and the as-
pect ratio, i.e., the ratio of the average depth to the surface
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length, fluctuates widely from crack to crack and as the crack
grows.

Some statistics of the aspect ratio, defined to be a/2c, where
a=2/T and c =2/T , are shown in Figure 5 as functions of the
average crack radius? defined as r = /%E. Both experimental and
theoretical data in Figure 5 were calculated from observations or
simulations of many cracks: 16 experimental cracks and 100 simula-
tions. The experimental data were obtained by splitting open
specimens after various fatigue exposures and measuring the out-
line of the fatigue crack front. One striking feature of the
experimental data is that many cracks show a/2c > 0.5 at
50 ym < r < 100 ym. This characteristic is reproduced in the
simulation (continuous curves of Figure 5), and can be traced to
the fact that the grains are highly nonequiaxed., Values of 2z tend
to be much smaller for those segments of the crack front propa-
gating down into the specimen, and Equation (5) then implies that
a/2c will be augmented. The agreement between the experimenta)
data and the simulations, both in average and deviation, supports
the hypothesis that the law of growth obtained from surface
observations is also valid for segments of the crack growing down
into the bulk.

When the crack spans more than a few grains, the relative
strength of microstructural factors decreases, and in the simula-
tions the crack front is restored to its smooth equilibrium con-
figuration, with aspect ratio - 0.4, by the variation of K;(a)
according to Equations (1)-(4). For very small cracks, a/éc is
found experimentally to be -~ 0.2. This was mimicked in the simu-
lations by assuming that initiation (e.g., by fracture of strin-
gers of particles or by persistent slip bands forming microcracks)
generates relatively long, shallow cracks, about 90 um - 4 ym.
Such an assumption is, of course, testable by appropriate experi-
ments. For the largest cracks, the experimental values of a/2c in
Figure 5 fall below 0.4 because the cracks were grown in bending.

OTHER STATISTICS OF THE SHAPE OF SMALL CRACKS

There are many other statistical properties of small cracks that
can be conveniently studied by Monte Carlo simulations. These
include: (1) the degree of irregularity of the crack front; (2)
the covariance between the rates of advance of different segments
of the crack front; (3) the persistence of fluctuations in the
degree of irregularity or the aspect ratio; (4) the relationships
between either the aspect ratio or the degree of irreqularity and
the rate of growth averaged around the crack front; and (5) the
correlation between the visible surface crack velocity and the
velocity of the invisible subsurface crack.

[
£~
>




FATIGUE 87

CONCLUSIONS

Statistical data for small cracks can be directly related to the
stochastic nature of the microstructure by appropriate laws of
growth. Monte Carlo simulations present a powerful and flexible
method of exploring this relationship.

Comparison of the simulations with experimental data allows
existing laws of growth to be tested and optimized. This process
both illuminates the physical mechanisms controlling growth, and
forms the basis for accurate, calibrated models for predicting
fatigue lifetime. The utility of the experimental data available
for comparison with the simulations does rot depend on being able
to measure the actual pattern of grains through which each
individual crack grows.

The simulations offer a powerful and convenient way of inves-
tigating whether the laws of growth for subsurface portions of a
crack are the same as those deduced for growth of the visible sur-
face crack tips. They give immediate insight into the question of
whether fluctuations seen in the velocity of surface crack tips
are generated by local surface phenomena or can be attributed to
stochastic variations in the subsurface crack shape and growth
rate.
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Figure 1. The geometries of (a) the protrusion and (b) the
retarded segment used to estimate Ki at the extrema of
an irregular plane embedded crack.
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Figure 2. [Nlustrating the procedures used to define protrusions
and retarded segments on an irregular crack for the
purpose of invoking Equations (1)-(3)
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A simulation of the growth of a surface crack in
AL 7075-T6. The position of the crack front is
recorded at approximately equal intervals in crack
size /ac, rather than in cycles.
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Aspect ratios of small cracks in Al 7075-T6 as a func-
tion of the crack size /ac. The data (circles) were
taken at a stress amplitude of 408 MPa. The curves
show the distribution of a/2c found in simulations of
100 cracks. The solid curve shows the average of a/2¢
in the simulations. The dashed curves should contain
70%, and the chain-dot curves 95%, of the data.
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THE EFFECT OF o PLATELET MORPHOLOGY AND B-GRAIN SIZE ON THE
INITIATION AND GROWTH OF SHORT FATIGUE CRACKS IN Ti65S

P.J. Hastingsk, M.A. Hickst and J.FE. King*

The: effects of o-platelet alignment and prior
B grain size on short fatigue crack growth in a
B-heat treated titanium alloy Ti65S have been
investigated. At crack depths of the order of the «
colony size faster crack growth was seen in aligned
than in basketweave structures, although the
shortest cracks grew at similar rates in both.
large increases in prior f grain size appear to
increase crack growth rates.

INTRODUCTION

TibhS is a near-« tifanium alloy widely used as a compressor disc
and blade material in aervengines. A typical heat-treatment would
involve B-heat treatment followed by conventional ageing to give a
microstructure consisting of colonies of «-platelets within
equiaxed prior B grains with average grain diameter around 1.5mm.

The degree of alignment of the o -platclets is dependent on the
cooling rate from above the B-transus temperature. Fast cooling
produces a ’'basketweave' Widmanstatten morphology, whereas a slow
cooling rate results in an :ligned structure. Within a compressor
disc forging there will be variations in prior B grain size and
a platelet alignment and colony size due to both the level of work
and the local cooling rate.

With relatively large grain sizes such as that used in Ti65S
cracks can be physically quite large, i.e. several hundred microns,
but still "microstructurally short". Thus cracks which may well be
detectable by conventional NDI methods can still show the features

of "short” crack growth, and thus the study of this regime of
crack

¥Dept. of Metallurgy & Materials Science, University of Notiingham.
fRn]ls—Royce ple, Derby.
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propagation in Ti65S is important in wunderstanding component
behaviour.

A number of investigations on B-processed titanium alloys have
shown that microstructurally short cracks can propagate at much
higher rates than long cracks at the same nominal &K values (1 4).
The object of the current work has been to determine the effects of
microstructural variations, i.e. a-platelet morphology and prior
B-grain size, in this short crack regime, in the B processed alloy
Ti65S.

EXPERIMENTAL
Material

The material was taken from a forged compressor disc, supplied
by Rolls-Royce plc, which had undergone Lthe following
heat-treatment: solution treat at 1050°C (in the B phase ficld:,
forced air cool, age at 550°C for 24 hrs., air cool.

This produces a basketweave Widmanstatten distribution of
a-platelets within the prior B grains, which will be referred to as
the as-received microstructure. A second microstructure was
studied, developed by furnace cooling from the B phase ficld to
give a structure of coarser more aligned « platelets, but with the
same prior B grain size. This will be called the aligned
structure. Figure 1(a) shows a well developed basketweave
microstructure formed on rapid cooling from the B8 phase freld and
1(b) shows an aligned structure characteristic of the slower
cooling rate. Due to the large size and variation in thickness
across a typical disc forging there are occasional aligned regions
in the as reccived structure hecause  of  the  difficulty  of
maintaining a sufficiently fast cooling rate throughout the disc.
The  nominal  composition of  the alloy, Ti65S, (in wl.%) 1S
6A1-5Zr-0.6M0--0. 2581 -0.2F=-100 ppm Hp, balance Ti.

Testing Procedures

Fatigue ltesting was carried out in 1 point hend on oo Mayes
servohydraulic testing machine at 20°C in laboratory air. The
specimens used were smooth 10mm square bars with top surfaces
electropolished to eliminate any residual stresses from specimen

machining and grinding operations.  Tests were pun at a frequency
of 10 Hz with a maximum top surface stress Op,.. of 850 MPa, ot
stress ratio (Ogin/Opa’ R 0.1. Tesls were stapped ot varying

intervals, depending on whether or not a ecrack was present and
acetate replicas of the surface region experiencing the maximun
bending moment were taken at mean load,

After gold sputter coating the replicas to increase their
reflectivity, sutfacc crack length was measurod usingy an optical
microscope, Where possible, the two crack ends were treated

(25}
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separately, as this method showed more clearly any interaction of
cither of the crack tips with microstructural features.

Crack growth rates were calculated by dividing the increment of
crack length by the number of cycles over which this increment
occurred. The alternating stress intensity range was calculated
using the Shah and Kobayashi (5) solution for a semi-elliptical
crack in pure bending.

Measurements of crack shape were carried out using previously
tested specimens, containing fatigue cracks. The specimens were
loaded up in 3 paint bend to the test mean load, to open the crack.
The specimen was then heated, under load, to 500°C for 1 hour, to
oxidise the specimen surface and the crack faces. The colour of
the oxide formed was light brown. After cooling down, the specimen
was brouken open, leaving the fatigued region of the fracture
surface clearly distinguishable from the rest. The ’'top surface’
length and depth at the mid point of the fatigue region were then
measured using a travelling microscope and the 8/¢ ratio
calculated.

RESULTS

Figure 2 shows crack growth rate (da/dN) vs. nominal stress
intensity range (AK' and crack depth (a) for the as-received (2(a))

and aligned (2(b)) microstructures. The data are presented as
scatter bands of points for a number of tests on each
microstructure. The as-received data were taken from eight

individual cracks and the aligned data from five cracks.

Initiation was usually found to occur late on in the life of
the specimen from slip bands in small « platelet bundles (=5-10
platelets) although deep, long slip bands formed within the «
colonies within the first 10% of the test life. Crack arrest was
scen to occur at the first a-platelet bundle boundary. By the time
cracks had reached lengths of the order of the prior B grain size,
microstructural features such as grain and colony boundaries
produced no obvious retardation of crack growth as can be seen in
figures 3(a) and 4(a). Crack paths were tortuous with occasional
crack branching, propagating across « platelets and occasionally
along x-platelet boundaries.

Figures 3 and 4 show typical plots of 48/dN vs. AK and a for
cracks in the as-received and aligned microstructures respectively,
and micrographs showing early stages of growth. The first growth
rate minimum in each case corresponds to crack retardation at the
boundary of the « platelet bundle in which the crack has initiated
(3(b), (c) and 4(b), (c)). The plots show considerable fluctuation
in growth rate in the early stages, as the cracks experience
microstructural variations. These two figures show clearly the
similar initiation behaviour in both microstructures.

Initial crack shape measurement at lengths of the order of 1 mm
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showed a generally semi-elliptical form, with an 8/c ratio of about
0.85.

DISCUSSION

Initiation Behaviour

Occurrence of initiation late in the specimen life agrees with
the findings of Bolingbroke and King (2) working on B heat treated
IMI318. Deep, long slip bands were also found to appear within the
first 10% of life in the TMI318, but initiation finally occurred in
grain boundary a-platelets. Such platelets were not presen!l in the
as-received Ti65S examined here, and although some grain boundary
a-platelets were present in the aligned Ti656S microstructure,
initiation was not observed in these particular features, but in
x-platelet bundles within x colonies.

Effect of a-platelet alignment

The effect of «- platelet alignment c<an most readily be seen by
comparing the upper bound lines of the scatter bands for the two
sets of data, i.e. the maximum growth rates seen for o particalar
AK or a. These lines are shown in figure 5 with an additional
scale of approximate microstructural dimensions.

When the crack depth is of the order of « platelet bundle size
there is a lot of scatter in the data due to retardation taking
place at platelet boundarics but essentially there is no difference

between the aligned and as-received structures. This 1s to hbe
expected, as at this <c¢rack depth microstructural  features
encountered are similar in both structures. A clear differene. can

be seen, however, when the crack is moving through a colonies, i.e.
at crack depths between platelet bundle size and prior B grin
size. The growth rates in the as received structure are lower than
growth rates in the aligned <tructure because the crack has to take
a more tortuous path in the basketweave microstructure, crossing

a-platelets in different orientalions. In the aligned structure
cracks have a relatively easy path right across o calony of
« platelets in similar orientations. By the time crack depth

reaches the prior B-grain size the crack no longer behaves Trhe o
short crack and microstructure ‘especially o platelet alignment:®
ceases to have a strong effect. Thus the lines for the two
microstructares mer ge,

Effect of Prior B Grain Size

Figure 6 shows the data of Rrown and Hicks 1Y for a conrse
grained highly aligned structure in IMIGRS.  Prior B grain size an
this material was approximately Smm compared to an average groaan
size of approximately | %mm in the Ti6GHS. The prowth tvatos are
considerably higher than those measured 1n this  wark. Thix
suggests that prior B grain size is also dmportant  although ot

ot




FATIGUE 87

should be noted that the comrser groined material was also more
aligned than the wmaterial in the current study. Further work is
continuing on this aspect of behaviour,

CONC]UISTONS

1. The first microstructural bairier experienced by short coracks
is the first ’platelet bundle’ boundary. This is the same for
aligned and basketweave microstructures, and similar growth
rates are seen in the two structures at crack depths of the
order of the a-platelet bundle size.

2. The degree of alignment of the o platelets is  important,
especially when crack depth is of the order of the colony size
“i.e. travelling through the first colony). The aligned
microstructure shows higher growth rates than the as-received
microstructnre, beciause the crack is not deflected by meeting
platelets in  widely differing orientations as in the
basketweave {(as-received) structure.

w

It appears that prior B-grain size is important; a larger grain
size increases the crack growth rate for a given AK (and crack
depth), but there is also a colony size and alignment effect.
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As-received

Figure 1(a)
(basketweave) microstructure.
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Crack growth data
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Figure

Figure 2(b)
for aligned material.
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Figure 3 (a) - Typical da/dN vs. 8K plot for as-received
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growth rate data in as-received rate data (Figure 5) with data
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THE INITIATION AND GROWTH OF SMALL FATIGUE CRACKS IN COPPER
AT ROOM AND CRYOGENIC TEMPERATURES

I. B. Kwon, J. Weertman and M. E. Fine *

The microstructural evolution of small fatigue
cracks in copper, both polycrystals and single
crystals, has been investigatgd by 8M, SEM and TEM
using surface replicas at 298 K, 77K and 4.27K.
The basic initiation processes of small fatigue
cracks are unchanged at different test temperatures
and in different environments even though the lower
temperatures and inert environments retard the
fatigue crack initiation. The temperature and
environmental dependences of fatigue damage during
the early stages of fatigue are discussed based on
the microscopic observations.

INTRODUCTION

Just initiated small fatique cracks often with pit shapes have
been observed along slip bands emerging on the surface by the
optical microscope (OM) or electron microscopes (SEM and TEM)
beginning about 85 years ago as reviewed in reference (1). Often
these cracks are periodically spaced. Although the characteris-
tics of persistent slip bands (PSB's) including the corresponding
dislocation structures in fatigue have been extensively studied
in the recent decade (for example, see reference (2)), the de-
tailed microscopic mechanism for the development of small fatigue
cracks during the very early stages of fatigue is still incomple-
tely krown. It is generally accepted that fatigue cracks are
initiated along slip bands or grain boundaries in notch-free pure
metals. Since the free surfaces of materials are more energetica-
1ly unstable than the bulk, cracks are thought to originate at
the surface. Strong evidence for this is that repeated removal of
surface layers during fatigue testing of copper extends the
fatigque life enormously (3).

* Department of Materials Science and Engineering and Materials
Research Center, Northwestern University.
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It is well known that the fatigue life in FCC metals is longer
at low temperature than at room temperature (4), implying that
the test temperature influences the initiation and/or propagation
processes of fatigue cracks. However, relatively little attention
has been given to the operating microstructural processes at
cryogenic temperature during the early stages of fatigue. Since
the fatigue tests at low temperatures are generally performed in
cryogenic liquids or inert atmospheres, the environmental effect
must be taken into consideration for the correct analyses of
experimental results obtained at low temperatures. Definitive and
critical experiments are needed to elucidate the temperature and
environmental dependences of fatigue crack initiation.

In the present research, the microstructural processes leading
to the initiation and growth of fatigue cracks as small as 0.1 gm
in depth were investigated by OM, SEM and TEM at different test
temperatures (298°K, 77°K and 4.°%K) with different environmental
conditions. High purity copper was chosen for study, single as
well as polycrystalline specimens, because more is known about
fatigue of copper than any other metal. Qualitative and gquantita-
tive analyses were made based on the microstructural observations
to develop a comprehensive theoretical model of fatigue crack
initiation.

EXPERIMENTAL PROCEDURES

Polycrystalline Co

Dog-bone~shaped specimens were machined from 99.98 % OFHC
copper plate, annealed and then polished. Fatigue tests.at 29§ZK
and 77K were made at low strain amplitude of about 10~ to 10
under fully reversed total strain control. Cyclic responses such
as cyclic hardening curves and cyclic stress-strain curves were
monitored during the fatigue tests. At 4.2 K, fatigue tests were
performed under load control due to experimental limitations.
Corresponding strain amplitudes were determined using foil strain
gages at this temperature. The cycling at 298°K was done in
laboratory air (40 % relative humidity) and in paraffin oil which
has a very low dissolved oxygen and water vapor content whereas
the specimens fatigued at 77 K and 4.2 K were immersed directly
in cryogenic liquids.

Co r Si e crystals

Copper single crystals were grown by the Bridgman technique
from high purity copper shot (99.999 %). Fatique specimens
oriented for single slip (Schmid factor = 0.47) were prepared by
EDM and chemically polished. The primary slip system is (111)
(101]. Fatigue tests were carried out under load control in the
push-pull mode at the different temperature and environmental
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condxtxons, laboratory air and He gas at 298° K, He gas and liquid
N, at 77°K and liquid He at 4. 2°K. “The stress amplitude was built
up gradually to the final stress amplitude during the first 500
cycles in order to avoid severe specimen deformation during the
initial stages of the test. The hysteresis loops were recorded
using foil strain gages during the fatigue tests.

The primary observation methods were to examine surface
replicas taken periodically from the fatigued specimens using OM,
SEM and TEM. Particularly, the replication technique with SEM has
several advantages. The whole gage section can be examined easily
and the biggest crack after a certain amount of cycling can be
located. The length and depth of small fatigue cracks can be
measured by means of the shadowing geometry. Furthermore, the
microstructural evolution of fatigue cracks can be investigated
at the same site on the specimen as a function of number of
fatigue cycles.

RESULTS AND DISCUSSION
Polycrystalline Copper

Microscopic observations of the fatigued specimen surfaces
reveal that slip bands formed at the lower temperature are
relatively thin and closely spaced when compared to those at the
higher temperature. This result is in good agreement with Hull
(5). On the otheg hand, the features of slip bands observed after
fatlgu1ng at 298°K in paraffin oil is rather similar to that at
77 in liquid N,. Thus the uniform slip process observed at the
lower temperature seems to result at least in part from the inert
environment.

A periodical array of pit shaped small fatigue cracks forms
along slip bands during the very early stages of fatique at less
than 1 % of the fatigue life. This phenomenon is observed at
298%K in air and in paraffin oil, at 77°K and even at 4.2°K.
These pits grow and coalesce into continuous wicrocracks. Figure
1 shows a typical SEM micrograph of a replica taken from a
specimen cycled for 500 cycles at 4.2°K. The plastic strain
amplitude corresponding to the applied stress,amplitude of 200
MPa was determined to be approximately 3 x 10°. Two possible
mechanisms may be considered for the formation of such small
fatigue cracks; primarily localized accumulation of fatigue
damage due to irreversible slip and secondly fatigue damage due
to accumulation of lattice defects such as vacancies perhaps
assisted by thermally activated processes. In view of the pit
shape of small fatigue cracks, it was suggested that the first
factor is not solely responsible for the formation of cracks (6).
While thermal activation may accelerate fatigque crack initiation
by cross slip and/or vacancy diffusion under an appropriate
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circumstance, the basic mechanism for fatique crack initiation
must operate in the absence of thermal activgtion since pit
shaped cracks have been observed down to 4.2°K.

In order to explain the formation of such small fatigue
cracks, two dislocation glide mechanisms have been suggested (1,
6). In both dislocation glide mechanisms, vacancies are suggested
to be swept by dislocations from the bulk to the surface, a pro-
cess originally imagined by Wilkov and Shield (7). One process is
the dislocation spiral mechanism coupled with an inverse whisker
growth process and the second is the glide of dislocation dipoles
in the slip bands to form a short depression on the surface of
specimen. In addition, the periodical configuration of small
fatigue cracks seems to be related to the ladder-like dislocation
structure of slip bands since the spacing between the small
fatigue cracks observed on the surface is almost the same as the
ladder rung spacing reported by Basinski et al. (8).

Observations of the same site on the specimen versus number of
tatigue cycles by SEM using the replication technique have faci-
litated the quantitative analysis of the fatigue crack initiation
processes. Cracks as shallow as 0.1 um in depth were identified
with reasonable certainty and thus the number of cycles to ini-
tiate such cracks, Ni, was bgacketed.oFigure 2 shows the fatigue
crack initiation data at 298 K and 77 K under different strain
amplitudes. The cumulative plastic strains, 4N(a€p/2), for various
numbers of cycles were obtained by summing up the measured plas-
tic strain amplitudes. It was found that the cumulative plastic
strain required to initiate fatigue cracks greater than a 0.1 um
in depth along slip bands at 77 K in léquid nitrogen is over ten
times higher than that required at 298 K in laboratory air. This
change between tests run in liquid nitrogen and in air arises
from the combined temperature and environmental effects., As shown
in Figure 2, the cumulative plastic strain required to initiate
small fatique cracks at 298°K in paraffin oil is considerably
greater than that at 298°K in air.

It is of interest to compare specimens B, F and G which have
been fatigued near the same plastic strain amplitude at cyclic
saturation under different temperature and environmental condi-
tions. Designating the cumulative plastic strain required to
initiate small fatigue cracks in varicus test conditions by F
{at 298% in air), F,,lat 298”X in paratfin oil) and F,lat 777K
in liquid nitrogen),” the ratios are obtained as folloWs;

RA

F, /F = 30 (due to combined temperature and environmental
N ""RA
effects)
FRP /FRA = 10 (due to the environmental effect alone)

FN /FRp 3 (due to the temperature effect alone)
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Therefore, it is concluded that the initiation processes of small
fatigue cracks is more sensitive to the change of environment
than to the change of temperature. A similar analysis of the
separate effects of temperature and environment on the fatigue
life in copper, published by Holt and Backofen (9), shows the
same trend.

The growth behavior of individual fati